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In order to improve the thermal efficiency and decrease the greenhouse gases emission,  
it is required to increase the steam temperature and pressure in fossil-energy power 
plants. In the United States, research has been performing in order to push steam 
temperature to 760 ℃ and steam pressure to 35 MPa. However, the highest operational 
temperature for current commercial heat-resistant ferritic steels is ~ 620 ℃. In this sense, 
new advanced ferritic alloys with better creep resistance are needed, considering such 
service conditions in next-generation ultra-supercritical fossil-energy power plants.  
Coherent B2-ordered NiAl-type precipitates have been employed to reinforce the body-
centered-cubic iron for high-temperature applications in fossil-energy power plants. One 
NiAl-strengthened ferritic alloy, designated as FBB8 (Fe-6.5Al-10Ni-10Cr-3.4Mo-
0.25Zr-0.005B, weight percent), has been investigated in this study. This study mainly 
focuses on three critical issues in the development of advanced NiAl-strengthened ferritic 
alloys: (1) the stability of NiAl-type precipitates at expected service temperatures (e.g., 
700, 800, and 950 ℃ ); (2) the poor ductility and fracture mechanisms at room 
temperature; and (3) the creep resistance and underlying deformation mechanisms.  
The present study achieves a systematical understanding of the microstructure-
mechanical properties relationship in NiAl-strengthened ferritic alloys. It furthers our 
fundamental understanding of the phase stability and deformation mechanisms in 
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CHAPTER I  
INTRODUCTION  
1.1 Ultra-supercritical fossil-energy power plants 
In order to reduce the fuel cost and greenhouse gases emission in fossil-energy power 
plants, the increasing steam temperature and pressure is required, since the thermal 
efficiency of fossil-energy power plants is strongly related to the steam temperature and 
pressure [1, 2]. Concerning the steam temperature and pressure, fossil-energy power 
plants can be divided into three categories, i.e., sub-critical power plant (~ 525 ℃ and 17 
MPa) [3], super-critical power plants (~ 540 – 565 ℃ and > 22 MPa) [2], and ultra-
supercritical (> 593 ℃ and > 22 MPa) [2]. Power plants built in 1950s and earlier are 
sub-critical, and their efficiency is in the range of 35 to 37% [4]. Figure 1.1 [1] illustrates 
the strong dependence of the fossil-energy power plants efficiency on the steam 
temperature and pressure. Note that the efficiency at the operation conditions of 583 
℃/18.5 MPa is employed as the base. As shown in Figure 1.1, the thermal efficiency is 
promoted by ~ 1.9% by increasing steam temperature to 30 MPa and ~ 5.7% by 
increasing steam temperature to 650 ℃. A combination of the steam temperature and 
pressure (30 MPa/650 ℃) rises the efficiency more than 8.4%.  
Nowadays, most efficient fossil-energy power plants operate at the steam temperature of 
~ 600 ℃ [2]. Nearly two dozens of power plants worldwide have been operated with the 
main steam temperature of 580 to 600 ℃  and steam pressure of 24 to 35 MPa [4]. 
Viswanathan et al. [4] estimated that the steam temperature is expected to increase 
another 50 to 100 ℃ in the next 20 or 30 years. Extensive research has been performing 
 
2 
in the United States with the goal of achieving the steam temperature of 760 ℃ and 
pressure of 35 MPa [4].  
In order to achieve proposed steam temperatures and pressures, new advanced high-
temperature alloys which can survive at the expected service conditions for a long period 
(~ 30 years [5]) are needed. Properties (the corrosion and oxidation resistance, creep 
resistance, fatigue strength, fracture toughness, and formability, etc.) are required for 
these materials. Concerning the creep resistance, a typical tolerable creep strain rate of 
components in fossil-energy power plants is ~ 3 × 10-11 s-1 [5].  
1.2 Materials for ultra-supercritical fossil-energy power plants 
In fossil-energy power plants, boilers and turbines are most important parts. Key 
components in a boiler consist of high-pressure steam pipings and heaters, super-heater 
tubings, and water-wall tubings [3], while high-/intermediate-pressure rotors, rotating 
buckets (blades), bolting, and inner cylinder are critical components in a turbine [6]. The 
temperature and stress on these components varies, and the rotor and blades are expected 
to sustain higher stress levels than other components. Examples, such as a forged rotor 
and boiler tubes, are shown in Figure 2.2 [4, 7].  
There are three groups of materials in fossil-energy power plants, i.e., ferritic heat-
resistant steels, austenitic heat-resistant steels, and nickel-based superalloys. The 10
5
 h 
creep rupture strength of these three sorts of materials is compared in the temperature 
range from 500 to 750 ℃ in Figure 1.3 [1]. It can be seen from Figure 1.3 that nickel-
based superalloys have the highest creep rupture strength, while ferritic heat-resistant 
steels have the lowest strength. Although austenitic steels have better creep resistance 
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than ferritic steels, newly-developed ferritic steels (T/P91, T/P92, and T/P911) can be 
used in the region, where austenitic steels dominated.  
Ferritic steels are most used materials in fossil-energy power plants, and they are 
preferred compared with austenitic steels, especially for heavy-section components, 
because of their low thermal expansion coefficient, high thermal conductivity, and 
relative low cost. Table 1.1 [1] lists designations and compositions of common ferritic 
heat-resistant steels used in fossil-energy power plants. Austenitic steels are likely to 
suffer from thermal fatigue, which leads to problems for applications in fossil-energy 
power plants [3, 4, 6].  On the other hand, nickel-based superalloys [8, 9] are used in 
more severe conditions due to excellent high-temperature strength (Figure 1.3). However, 
due to the high material cost of nickel-based superalloys, their application is limited to 
certain critical parts in fossil-energy power plants.  
1.3 The current state of ferritic heat-resistant steels for fossil-energy 
power plants 
Considerable research endeavors have been performed to develop advanced ferritic heat-
resistant steels for high-temperature applications in ultra-supercritical fossil-energy 
power plants. Abe et al. [7], Masuyama [10], and Viswanathan and Bakker [3] 
summarized the historical development of ferritic heat-resistant steels. Figure 1.4 [1] 
illustrates the evolution of ferritic heat-resistant steels. Ferritic heat-resistant steels can be 
divided into four categories based on compositions, i.e., CMn-steels, Mo-steels, low 
alloyed CrMo-steels, and 9-12%Cr-steels. As shown in Figure 1.4, the creep rupture 
strength of ferritic steels continues to increase. Currently, 9-12%Cr steels represent the 
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most advanced heat-resistant ferritic steels [1, 11-14]. The 10
5
 creep rupture strength at 
550 ℃ has been increased approximately six times from ~ 30 MPa for 16Mo3 to ~ 200 
MPa for T/P92.  
The chemical compositions of 9-12%Cr ferritic steels become quite complicated and 
many minor elements have been added (Table 1.1), which in turn results in complex 
microstructures (Figure 1.5 [1, 15]). Brief introduction to CMn-steels, Mo-steels, and low 
alloyed CrMo-steels can be found at Ref. [1]. Since 1960s, effects of minor elements 
(e.g., Nb, V, W, and Mo) on properties of 9-12%Cr steels have been extensively 
investigated. Specifically, 9-12 weight percent (wt.%) chromium is added for corrosion 
and oxidation resistance in the high-temperature vapor environment. Chromium can also 
provide the solid-solution strengthening and form carbides (M23C6). Titanium, vanadium, 
and niobium are strong carbide- or nitride-forming elements (MX). The small amounts of 
titanium, vanadium, and niobium are critical to the high-temperature strength of 9-12%Cr 
ferritic steels. Carbon and nitride are necessary to form fine carbides and nitride, 
respectively. However, special attention is needed to the carbon amount for good 
weldability. Elements, such as molybdenum, tungsten, and cobalt, mainly provide 
strength by the solution-solution hardening. Nickel is helpful to improve the fracture 
toughness of ferritic steels, but at expense of the high-temperature creep resistance.  
The typical heat treatments for 9-12%Cr steels include normalizing (usually at 1,040 – 
1,100 ℃) and tempering (usually at 650 – 780 ℃ depending on applications) process 
[16]. High-chromium (~ > 7%) ferritic steels are likely to form martensite upon cooling 
down from the normalizing temperature over a wide range of cooling rates. The 
martensitic lath structure transforms to the subgrain structure during tempering. Figure 
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1.5 shows typical microstructures in heat-treated 9-12%Cr ferritic steels. As shown in 
Figures 1.5 (a) and (b), subgrains (~ 350 – 500 nm in width) with high-density 
dislocations (~ 1 – 10 ×  1014 m-2 [16, 17]) was observed under both optical and 
transmission electron microscopy. Nano-sized particles form during tempering. Large 
M23C6 carbides (~ 100 – 300 nm, M rich in chromium) are mainly distributed along prior 
austenite grain boundaries and subgrain boundaries. On the other hand, MX 
carbonitrides, where M represents metallic elements (rich in Nb and V) and X is carbon 
and nitrogen, are much smaller in size (5 – 20 nm), and primarily distributed in the matrix 
within subgrains. Figure 1.5(c) show nano-scaled M23C6 and MX particles near prior 
austenite boundary. Fe2M Laves phase (such as Fe2W and Fe2Mo in steels) is reported to 
precipitate when steels subjected to service conditions. Obstacles (i.e., solution atoms, 
nano-sized particles, and dislocation structures) impede dislocation movement, and, thus, 
effectively strengthen 9-12%cr steels [16], as will be discussed in Chapter II.  
However, 9-12%Cr steels suffer from the loss of the creep resistance after long-term 
service [7, 13, 18, 19], which is explained by the instability of microstructures (e.g., the 
lath-width increase, dislocation-density decrease, and particle coarsening) (Refer to 
Chapter III for more information). The highest service temperature for current ferritic 
heat-resistant steels is limited to ~ 600 ℃ due to the consideration of creep and corrosion 
resistance. Therefore, in order to further increase the steam temperature to 650 ℃ or even 
higher for the next generation fossil-energy power plants, new ferritic steels with better 












Figure 1.1 The dependence of the fossil-energy power plant efficiency on the steam 
pressure and temperature. The efficiency at the operation conditions of 583 ℃/18.5 MPa 












Figure 1.2 (a) The forged rotor prepared to be heated in a vertical furnace. (b) The 




Figure 1.3 The comparison of the creep resistance of ferritic steels, austenitic steels, and 




























                             (a)                                                                        (b) 
 
(c) 
Figure 1.5 The microstructure of T/P911 after tempering in (a) optical and (b) TEM 





CHAPTER II  
LITERATURER REVIEW  
Commercial engineering materials, such as ferritic heat-resistant steels, nickel-based 
superalloys, and metal-matrix composites (MMCs), have complex microstructures with 
multiple phases. It is well known that the strengthening effects strongly depend on 
material microstructures. In this chapter, we will firstly review several common 
strengthening mechanisms in engineer materials. Then, a brief introduction to NiAl and 
NiAl-strengthened ferritic alloys will be given. Finally, we will present critical issues to 
further develop NiAl-type precipitates for high-temperature applications in fossil-energy 
power plants.  
2.1 Strengthening mechanisms in 9-12%Cr ferritic steels 
As mentioned in Section 1.3, the microstructures of modern ferritic heat-resistant steels 
become increasingly complex. Optical and TEM micrographs of typical microstructures 
of 9-12%Cr steels were presented in Chapter I (Figure 1.5). 
The athermal yield stress of tempered 9-12%Cr ferritic steels ranges from 400 to 500 
MPa [16]. Based on the microstructures, there are three groups of impediments to 
dislocation movement in 9-12%Cr ferritic steels: 
(1) Solution atoms, such as W and Mo; 
(2) Particles along prior austenite grain/subgrain boundaries and within subgrains, 
including M23C6, MX, and Fe2M; 
(3) Dislocation structures, including subgrain boundaries and free dislocation within 
subgrains.   
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Maruyama et al. [16] analyzed separated roles of three strengthening mechanisms (i.e., 
the solution hardening, particle hardening, and dislocation hardening) in 9-12%Cr ferritic 
steels. Figure 2.1 qualitatively demonstrates these strengthening effects by comparing the 
minimum creep rate of various ferritic steels at 600 ℃. First of all, we notice that the 
minimum creep rate of Fe-2.3W (wt.%) is approximately three orders of magnitude 
smaller than α iron, which confirms the solution hardening provided by 2.3 wt.% W 
atoms in α iron. Next, MX carbides form in Fe-VNbC due to the addition of carbides-
forming elements (V and Nb), and they significantly improve the creep resistance of Fe-
VNbC, comparing with α iron. Finally, Fe-9Cr-VNbCN is reinforced by additional 
dislocation structures, which form during the martensitic transformation and subsequent 
tempering due to the high chromium content, comparing with Fe-VNbC. In addition, it is 
worthy noticing that the strengthening effect provided by W is less important than MX 
carbides and dislocation structures, as shown in Figure 2.1.  
All three obstacles contribute to the athermal yield stress of 9-12%Cr steels. However, 
the most closely spaced one would dominate the strengthening effects. Maruyama et al. 
[16] estimated the values of each strengthening obstacle, based on reported experimental 
data. The strengthening effects of particles (i.e., MX, M23C6, and Fe2M), ∆𝜎𝑝 , are 
estimated by  
   Δ𝜎𝑝 = 0.8𝑀𝐺𝑏/𝜆  (2.1) 
where M (~ 3) is the Taylor factor, G (~ 64 GPa at 650 ℃) is the shear modulus, b is the 
length of the Burgers vector, and λ is the average inter-particle space. The microstructural 
information and estimated strengthening effects for MX, M23C6, and Fe2M particles,  are 
list in Table 2.1 [16]. As shown in Table 2.1, the strengthening effect from particles is in 
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the range from ~ 95 to 150 MPa, which is much smaller than the athermal yield stress of 
9-12%Cr steels.  
The strengthening effect of free dislocations within subgrain, Δ𝜎𝑑𝑖𝑠, can be expressed as 
 Δ𝜎𝑑𝑖𝑠 = 0.5𝑀𝐺𝑏√𝜌𝑓  (2.2) 




 [17, 20]) is the free dislocation density. The estimated Δ𝜎𝑑𝑖𝑠 
is ~ 240 - 760 MPa. 
On the other hand, the strengthening effect of the subgrain structure, Δ𝜎𝑠𝑔 , can be 
described by 
 Δ𝜎𝑠𝑔 = 10𝐺𝑏/𝑑  (2.3) 
where d (~ 350 – 500 nm [16, 20]) is the width of the elongated subgrains. The estimated 
value of Δ𝜎𝑠𝑔 is from 300 to 450 MPa. Note that the linear addition of the strengthening 
effect of each obstacle is not applicable. We notice that the strengthening effect of 
dislocation structures is comparable with the athermal yield stress of 9-12%Cr steels. 
Therefore, Maruyama et al. [16] concluded that dislocation structures are main obstacles 
in 9-12%Cr steels. 
However, the recovery of dislocation structures, including the decrease of the free 
dislocation density,  𝜌𝑓 , and increase of the subgrain width, d, occurs at temperatures 
greater than 650 ℃ [20]. The strengthening effect of dislocation structures decreases or 
even diminished by the recovery process, as indicated by Eq. (2.2) and (2.3). Abe et al. 
[18, 19] argues that the recovery process significantly affects the creep deformation and 
the subsequent rupture strength.  
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2.2 Precipitation strengthening 
Particles or precipitates have long been used to strengthen materials for various 
applications. Generally speaking, particles mean non-shearable inclusions, such as oxides 
in oxide-dispersion-strengthened (ODS) steels [21], while precipitates, usually coherent 
with the matrix, are shearable by dislocations of the matrix, such as Ni3Al or 𝛾′ in nickel-
based superalloys [8, 9] and Al3Sc in some aluminum alloys [22]. An example of 
coherent L12-type 𝛾′ precipitates in a binary Ni-Al alloy is given in Figure 2.2 [23]. Ricks 
et al. [24] investigated the morphology development of 𝛾′ precipitates in nickel-based 
superalloys as functions of size and sign of the matrix/precipitate lattice misfit. The 
origins of precipitation hardening have been extensively discussed in past decades. 
Several profound review papers and books can be found in Ref. [23, 25-29].  
When dislocations cut through precipitates, possible strengthening effects could originate 
from chemical hardening, coherency hardening, modulus hardening, and order hardening. 
For the case of NiAl-strengthened ferritic alloys, the order hardening from ordered B2 
NiAl-type precipitates are very likely to dominate the overall strengthening effects due to 
the small lattice and modulus mismatch between the matrix and NiAl-type precipitates. 
On the other hand, dislocations bypass precipitates through the mechanism of the Orowan 
bowing when the precipitate size is large enough.  
Figure 2.3(a) [28] illustrates the order strengthening. The dislocation (D1) cuts through 
ordered precipitates, which forms the anti-phase boundary (APB) area within ordered 
precipitates. The secondary dislocation (D2) is attracted by D1 to restore the ordered 
structure and thus minimize the system energy. Therefore, dislocations tend to glide in 
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pairs due to the order strengthening. The equilibrium distance between D1 and D2 is 
determined by the dynamic balance between the dislocation repelling force and the APB 
attraction force. As shown in Figure 2.3(b) [23], dislocation pairs were observed in a 
deformed Ni-Cr-Al alloy.   
Ardell [25] proposed the order strengthening effect,  Δ𝜎𝑜𝑟𝑑𝑒𝑟, as follows  






where 𝛾𝑎𝑝𝑏 is the APB energy of ordered precipitates on the slip planes, f is the 




𝐺𝑏2). When precipitates are strong enough (the dislocation breaking angle < 
~ 120 °), the order strengthening is given by [25] 
 Δ𝜎𝑜𝑟𝑑𝑒𝑟 = 0.81𝑀
𝛾𝑎𝑝𝑏
2𝑏
(3𝜋𝑓/8)1/2  (2.5) 
Figure 2.4(a) [23] illustrates the Orowan bowing around particles. As shown in Figure 
2.4(a), dislocation loops form around particles after dislocations bypass them. Figure 
2.4(b) [28], Orowan loops were observed in a deformed NIMONIC PE16 single crystal. 
As noted by Martin [29], the mean shear stress produced by a dislocation loop on the 
precipitate and the nearby matrix is ~ Gb/2r (r is the particle size). Consequently, arrays 
of dislocation loops around precipitates are unstable, and they tend to rearrange in a 
manner to reduce the high local stress around precipitates.  
By considering the mean planar inter-particle distance, dislocation dipole effect, and line 
tension of dislocations, Martin [29] proposed the Orowan stress,  ∆𝜎𝑂𝑟, as follows 







 (2.6)  
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where 𝜈 is the Poisson’s ratio, rs is the mean  precipitate radius of intersection, r0 is the 
inner cutting-off radius of a dislocation, λs is the average planar center-to-center spacing 
between a precipitate and its nearest neighbor, and the factor of 0.81 is added by 
considering the effective precipitate spacing for a random array of obstacles [29, 30]. 
Geometrically, we have the following relationships 









At elevated temperatures, one thermally-activated mechanism, dislocation climb, can 
occur. Figure 2.5 [31] illustrates the local and general dislocation climb process. The 
creep behavior of alloys containing particles or precipitates is different from simple 
metals and alloys [31-33]. The steady-state creep rate of precipitate-strengthened alloys 
shows a high stress sensitivity and high activation energy, if the creep deformation is 
controlled by the dislocation-climb process around precipitates. Empirically, the steady-
state creep rate, ?̇?, can be expressed as [31, 34] 








   (2.8) 
where A is a constant, D is the effective diffusion coefficient, k is the Boltzmann 
constant, T is the temperature, 𝜎 is the applied stress, 𝜎0 is the threshold stress, and n is 
the creep-stress exponent of the matrix without particles. The threshold stress, usually a 
fraction of the Orowan stress, originates from the dislocation/precipitate interactions [35-
37]. See Chapter VI for more information about the creep behavior and threshold stress in 
precipitation-strengthened alloys.  
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2.3 NiAl-strengthened ferritic alloys 
As mentioned in Chapter I, the highest service temperature of current commercial ferritic 
steels is limited to ~ 600 ℃. In order to increase the steam temperatures and pressures, 
new advanced ferritic steels with better creep resistance are needed. Using the concept of 
precipitation strengthening, coherent B2-ordered NiAl-type precipitates have been used 
to reinforce α iron for high-temperature applications in fossil-energy power plants [38-
42]. In this section, we will first summarize the physical properties of NiAl, and then 
review recent progress in developing NiAl-strengthened ferritic alloys. Critical issues are 
proposed at the end for further understanding the microstructures and deformation 
mechanisms of NiAl-strengthened ferritic alloys at room and high temperatures.   
2.3.1 Physical properties of NiAl 
NiAl (B2 or CsCl structure) shows numerous interesting physical properties, including 
high melting temperature (~ 1638 ℃), low density (5.35 – 6.50 g/cm3 dependent on the 




 over the temperature range 
20 – 1100 ℃, four to eight times larger than that of nickel-based superalloys and one 
third that of Al [43]), and good environmental resistance. It has attracted extensive 
research effort as a potential structure material (e.g., high-pressure turbine blades). 
However, NiAl lacks room-temperature ductility in either single-crystal or poly-crystal 
form, and suffers from the strength loss at higher temperatures, which limit its 
applications as structure materials. Its physical properties have been extensively reviewed 
in Refs. [43-46]. Please refer to them for specific references in the present section.  
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Based on the Ni-Al binary phase diagram [47], the chemical composition of NiAl could 
deviate from the stoichiometric one (Al-rich or Ni-rich). At the same time, it displays 
solubility of other elements (e.g., Fe). The physical properties of NiAl depend on 
compositions. NiAl is strongly ordered, even at temperatures above 0.65Tm (Tm is the 
melting temperature), and significant long-range order is reported for both Al-rich and 
Ni-rich compositions [48, 49]. The room-temperature lattice constant of stoichiometric 
NiAl is 0.2887 nm, which is similar with that of α iron (~ 0.2866 nm). The dependence of 
the lattice constant on compositions can be expressed as 
 𝑎0 (𝑛𝑚) = 0.299839 − 0.000222 (𝑎𝑡. %𝑁𝑖), 𝑓𝑜𝑟 50 − 60 𝑎𝑡. % 𝑁𝑖  (2.9) 
 𝑎0 (𝑛𝑚) = 0.266819 + 0.000438 (𝑎𝑡. %𝑁𝑖), 𝑓𝑜𝑟 45 − 50 𝑎𝑡. % 𝑁𝑖  (2.10) 
NiAl possesses similar elastic constants with α iron. The temperature dependences of the 
Young’s modulus (E), shear modulus (G), and Poisson ratio (ν) are given by 
 𝐸 = 199.8 − 0.040𝑇  (2.11) 
 𝐺 = 76.6 − 0.017𝑇  (2.12) 
 𝜈 = 0.307 + 2.15 × 10−5𝑇  (2.13) 
where E and G are in GPa, and T is in K.  
The slip systems of NiAl are different from common BCC materials (such as α iron). In 
the non-<100>-oriented NiAl single crystals, slip is reported to occur along <100> 
direction on either {110} [50-52] or {100} [52] planes. The non-<100> crystallographic 
direction is termed as “soft” orientation. The critical resolved shear stress (CRSS) for the 
{110}<100> slip system is ~ 70 MPa in stoichiometric NiAl at room temperature (RT). 
In the <100> orientation (“hard” orientation), the favor slip systems are {112}<111> and 
{110}<111> [51, 53] below ~ 300 ℃. The CRSS for a/2<111> dislocations at RT is ~ 
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600 MPa, and only slightly drops till 300 ℃. The large a/2<111> anti-phase boundary 
(APB) energy of NiAl (~ 500 – 750 mJ/m
2
 [54]) is believed to the reason for the high 
CRSS value of a/2<111> dislocations in NiAl. Above 300 ℃, a<110> dislocations begin 
to operate, and the CRSS drastically decreases from ~ 575 MPa at 300 ℃ to less than 100 
MPa at 700 ℃  [44]. Above ~ 626 ℃ , the deformation of NiAl is governed by the 
diffusional processes [44].  
NiAl exhibits little or no ductility at RT. However, it shows a large amount of plastic 
strain above the ductile-to-brittle transition temperature (DBTT). For NiAl single 
crystals, the RT tensile ductility is anisotropic, as shown in Figure 2.6(a) [43]. The 
<100>-oriented NiAl single crystals fail in the elastic range, while NiAl single crystals in 
“soft” directions (e.g., <110> and <111>) show plastic strain up to 2%. The tensile 
ductility of NiAl single crystals drastically increases above DBTT for both orientations 
[Figure 2.6(a)]. The DBTT is ~ 350 – 400 ℃ in <100>-oriented NiAl single crystals, 
while ~ 200 ℃ for <110>-oriented NiAl single crystals. On the other hand, the RT tensile 
ductility of polycrystalline NiAl is reported to be 0 – 2% [43, 55, 56]. The poor RT 
tensile ductility of polycrystalline NiAl is probably due to a limited number of 
independent slip systems (< 5) to meet the Von Mises’ criterion for compatibility in 
polycrystalline deformation. The ductility dependence of the polycrystalline NiAl on 
temperature shows similar trend as NiAl single crystals, as shown in Figure 2.6(b) [57]. 
The DBTT of polycrystalline NiAl is ~ 277 – 427 ℃ and is related to the strain rate [57]. 
Factors, such as the stoichiometry, impurity content, texture, and grain size, can affect the 
ductility of polycrystalline NiAl. As shown in the insets of Figure 2.6(b), the failure 
mode of polycrystalline NiAl change from intergranular fracture (550 K/1.4 × 10-4 s-1) 
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below DBTT to transgranular fracture (850 K/1.4 × 10-1 s-1) above DBTT. No additional 
slip systems are observed above DBTT. The extensive ductility of NiAl above DBTT 
(Figures 2.6) is probably related to thermal-activated processes (e.g., dislocation climb) 
[57].  
As shown in Figures 2.7 [58], NiAl suffers from the strength loss at high temperatures. 
Figure 2.7(a) summarizes the yield stresses of extruded polycrystalline NiAl with 





). Although the yield stress depends on the compositions and strain rate, it 
basically decreases with the increasing temperature in all cases. At high temperatures (> 
~ 900 ℃), the yield stress in all cases gradually converge to the same value (less than 100 
MPa). It is worthy noticing that the stoichiometric polycrystalline NiAl (Ni-49.6Al) has 
the lowest yield stress throughout the whole temperature range. The yield stress of NiAl 
single crystals is plotted against the test temperature in Figure 2.7(b). As shown in Figure 
2.7(b), the <100>-oriented single crystals have the highest yield stress below ~ 500  ℃ 
among all orientations. However, the yield stress for all orientations decreases as the 
temperature increases. The yield stress difference between <100>-oriented single crystals 
and other orientations (e.g., <110>, <111>, and <123>) disappears at temperatures above 
~ 700 ℃.  
Small amount of tertiary elements, especially one from Group IVB and VB (e.g., Hf and 
Zr), can improve the high-temperature strength of NiAl by the solid-solution 
strengthening. Beyond the solubility, the additions of Group IVB or VB elements (X) 
lead to form ordered intermetallics, such as the L21 phase Ni2AlX and the primitive 
hexagonal laves phase NiAlX. Other particles or secondary phases can also be introduced 
 
22 
into NiAl. These secondary phases can provide strong strengthening effect at high 
temperatures.  
2.3.2 NiAl-strengthened ferritic alloys 
B2-ordered NiAl-type precipitates have long been used to harden ferritic and martensitic 
phases in high alloy steels [59-62], such as PH13-8 stainless steels (Fe-0.97Al-12.43Cr-
2.15Mo-8.39Ni-0.03C, wt.%). Seetharaman et al. [60] and Guo et al. [61] studied the 
evolution of NiAl-type precipitates in PH13-8 stainless steels after aging treatments in the 
temperature range from 450 to 593 ℃ through TEM and atom probe field ion microscopy 
(APFIM). Zhu et al. [41] and Stallybrass et al. [39] started to investigate the high-
temperature creep resistance of ferritic Fe-Al-Ni-Cr alloys at 600 – 750 ℃.  
For high-temperature applications, various compositions of NiAl-strengthened ferritic 
alloys have been developed, based on the Fe-Al-Ni-Cr system. Note that the ternary 
phase diagram of Ni-Al-Fe was reported by Hao et al. [63]. Specifically, chromium 
(usually > 10 wt.%) is added for the oxidation and corrosion resistance in the high-
temperature steam environment; nickel and aluminum are primary precipitate-forming 
elements; and molybdenum can used to adjust the lattice misfit between the matrix and 
NiAl-type precipitates [64, 65], and strengthen the matrix by the solid-solution hardening. 
Other minor elements (e.g., boron) may be added.     
The typical morphology of NiAl-type precipitates in the α-iron matrix is shown in Figure 
2.8 [39, 41]. The shape of NiAl-type precipitates may change from sphere to cuboid, 
depending on factors (e.g., the lattice misfit between the α-iron matrix and NiAl-type 
precipitates and average precipitate size). The precipitate volume fraction ranges from 
several to tens of percent, and depends on aluminum and nickel contents and aging 
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temperatures. Teng et al. [66] investigated the element partitioning between the α-iron 
matrix and NiAl-type precipitates in specimens (Fe-6.5Al-10Ni-10Cr-3.4Mo, wt.%) aged 
for 100 h at 700 ℃  by analytical electron microscopy (AEM) and atom probe 
tomography (APT). The compositions of the α-iron matrix and NiAl-type precipitates 
were reported to be Fe75.1Al7.2Ni3.0Cr11.9Mo3.1 and Ni41.2Al43.6Fe12.7Cr0.8Mo1.4 (atomic 
percent, at.%), respectively. NiAl-type precipitates deviate from the chemical 
stoichiometry and display solubility of other elements (e.g., Fe, Cr, and Mo). It is worthy 
noticing that chromium is preferentially distributed in the matrix. It is well known that a 
secondary phase tends to grow and coarsen (the Ostwald ripening) in materials driven by 
reducing the total interfacial energy. In the sense, nano-sized NiAl-type precipitates are 
not thermally stable. However, limited investigation [59, 64, 65] has been performed in 
order to understand the coarsening kinetics of NiAl-type precipitates at high temperatures 
(> 700 ℃).  
Concerning mechanical properties of NiAl-strengthened ferritic steels, two aspects 
attracted considerable attention: (1) RT ductility, and (2) high-temperature creep 
resistance. For sufficient workability in the manufacturing process, it usually requires ~ 
10% tensile ductility and fracture toughness (> 50 J) at RT. However, it has been reported 
that NiAl-strengthened ferritic steels suffer from brittle fracture at room and intermediate 
temperature [39, 40, 67-69]. Factors (e.g., the precipitate size, volume fraction, and 
solution elements) have been discussed. However, the fracture mechanism of NiAl-
strengthened ferritic alloys at RT has not been understood yet. A few studies investigated 
the creep resistance of NiAl-strengthened ferritic alloys [38, 39, 70, 71]. Vo et al. [71] 
studied the creep behavior of the Fe-10Cr-10Ni-5.5Al-3.4Mo-0.25Zr-0.005B in the stress 
 
24 
range from 30 to 300 MPa at 600 – 700 ℃. Based on the creep data analysis and TEM 
observation, they concluded that the dislocation general climb over NiAl-type 
precipitates dominates the creep deformation, and the threshold stress probably results 
from the repulsive interaction between dislocations and NiAl-type precipitates due to 
lattice mismatch. However, more study is needed in order to further illustrate the 
underlying creep mechanisms in NiAl-strengthened ferritic alloys.  
2.3.3 Critical issues in developing advanced NiAl-strengthened ferritic alloys 
Based on previous research, three critical issues need to be addressed in developing 
advanced NiAl-strengthened ferritic alloys:  
(1) Coarsening kinetics of NiAl-type precipitates at expected service temperatures (> 700 
℃) and controlling factors;  
(2) Ductility and fracture toughness at RT;  
(3) Creep resistance of NiAl-strengthened ferritic alloys and underlying creep 
mechanisms.  
In following chapters, these three issues will be addressed. The relationship between the 
microstructures and mechanical properties of NiAl-strengthened ferric alloys will be 
stressed throughout the whole dissertation. The study furthers our understanding of the 
microstructural evolution and deformation mechanisms in precipitate-strengthened 
ferritic alloys, and provides new insights into developing desirable materials for various 





Table 2.1 The microstructural information and estimated strengthening effects for MX, 
M23C6, and Fe2M particles.  
Particles Volume 
fraction (%) 
Diameter (nm) 𝜆 (nm) Δ𝜎𝑝 (MPa) 
MX 0.2 20 320 120 
M23C6 2.0 50 260 150 





















































Figure 2.3 (a) Illustration of the order strengthening in alloys containing ordered 
precipitates. (b) Dislocation pairs due to the order strengthening of Ni3Al precipitates in a 
75Ni-18.8Cr-6.2Al at.% alloy (12 h/1,300 ℃ + 1 h/750 ℃, 2% deformed). In (a), the 
dislocation pair D1 and D2 are lying in their common glide plane. The APB caused by 








Figure 2.4 (a) Illustration of Orowan bowing. (b) Orowan loops in a deformed peak-aged 




















Figure 2.6 The temperature-dependent tensile ductility of (a) single-crystal 
stoichiometric NiAl with the loading axis in <100> and <110> directions and (b) 
stoichiometric polycrystalline NiAl. The insets in (b) show the change from intergranular 
fracture to transgranular fracture.  
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Figure 2.7 The temperature-dependent yield stress of (a) polycrystalline NiAl and (b) 
































(a)                                                           (b) 
Figure 2.8 The morphology of NiAl-type precipitates in (a) Fe-19Cr-4Ni-2Al alloy (aged 
for 20 h at 700 ℃) [41] and (b) Fe-9.5Al-15.9Ni-10.0Cr (aged for 48 h at 900 ℃) [39]. 
Fine cooling precipitates were observed in (b). The formation and effects of fine cooling 




CHAPTER III  
CORSENING BEHAVIOR OF NIAL-TYPE PRECIPITAETS 
3.1 Introduction 
In advanced structural alloys, nanoscale features, such as nano-sized particles, subgrains, 
and twins, have been long employed to strengthen materials in order to achieve desirable 
mechanical properties for certain applications. However, these nanoscale features evolve 
(e.g., grow and coarsening) at high temperatures due to the thermally-activated 
movement. Thus, the strengthening effect originating from these nanoscale structures 
probably diminishes or even disappears after exposing at high temperatures for a certain 
time. In this sense, the microstructural stability of high-temperature alloys at expected 
service conditions is critical for their applications as structural components. The 
microstructural stability of heat-resistant ferritic steels and nickel-based superalloys has 
been extensively studied in past decades. In this chapter, these research endeavors will be 
reviewed at the beginning. Then, we will examine the coarsening kinetics of NiAl-type 
precipitates in FBB8 at 700, 800, and 950 ℃. The coarsening theory in multicomponent 
alloys, which was recently developed by Philippe and Voorhees [72], will be employ to 
examine the coarsening kinetics. The governing factors of the coarsening process will be 
discussed at the end. Possible ways to further improve the coarsening resistance of NiAl-
type precipitates in the α-iron matrix will also be discussed.  
3.1.1 Microstructural instability in 9-12%Cr ferritic steels 
As discussed in Chapter II, nanoscale features (i.e., particles and dislocation structures) 
contribute to the strength of 9-12%Cr ferritic steels at room and high temperatures. 
 
37 
However, it was reported that the microstructures degrade at temperatures higher than  
560 ℃ [16, 20, 73], which largely shortens the expected life of these ferritic steels [19, 
74]. Ennis et al. [73] suggests that the development of new 9-12 Cr-steels for applications 
at 600 ℃ and above will be challenging, considering microstructural degradation. 
As an example, Figure 3.1 shows the microstructural evolution of TAF650 steel (0.10 C, 
0.55 Mn, 0.07 Si, 10.84 Cr, 0.14 Mo, 0.55 Ni, 2.63W, 0.19 V, 0.06 Nb, 0.016 N, 0.019 B 
and 2.86 Co, wt.%) after the creep deformation for 5,888 h at 650 ℃/100 MPa [75]. As 
shown in Figure 3.1, it is observed that (1) the subgrain width increases; (2) the free 
dislocation density within subgrains decreases; (3) the size of particles increases in 
TAF650 steel after the creep deformation, by comparing with the microstructures of as-
received specimens. Sawada et al. [20] quantified the evolutions of the subgrain width 
and dislocation density in TAF650 and Mod.9Cr-1Mo (0.1 C, 0.43 Mn, 0.40 Si, 8.73 Cr, 
0.96Mo, 0.07 Ni, 0.22 V, 0.09 Nb, 0.051 N, wt.%) during the creep at 650 ℃/98.1 MPa 
(Figure 3.2). As shown in Figure 3.2, the average lath widths are ~ 0.53 and 0.4 μm, and 
the dislocation densities in the lath interior are ~ 1.7 ×  1014 and 7.7 ×  1014 m2 in 
Mod.9Cr-1Mo and TAF650 steels, respectively, for the initial microstructure. After the 
creep deformation for ~1,100 h at 650 ℃/98.1 MPa, the lath width increases to ~ 1.4 μm, 
and the dislocation density decreases to ~ 3 × 1013 m2 in Mod.9Cr-1Mo steel. On the 
other hand, the microstructural recovery process in TAF650 steel is much slower than 
that in Mod.9Cr-1Mo. But the final stationary values of the subgrain width and 
dislocation density in both steels are similar. Sawada et al. [20] observed that there are 
more precipitates (M23C6 + Fe2W Laves phase) along subgrain boundaries in TAF650 
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steel than in Mod.9Cr-1Mo steel. It is suggested that the slow recovery process in the W-
containing TAF650 steel is due to the pinning effect of precipitates along lath boundaries.  
Nano-sized particles (e.g., M23C6 and MX) in 9-12Cr ferritic steels grow and coarsen at 
high temperatures driven by the decrease of the total interfacial energy. The coarsening 
kinetics can be described by [16] 
 𝑑𝑛 − 𝑑0
𝑛 = 𝐾𝑡 (3.1) 
where d and d0 are the average diameter of particles in the initial microstructure and at an 
aging time t, and K is the constant. The exponent n is governed by the coarsening 
mechanisms [16]: (1) n = 2, coarsening controlled by the interface diffusion; (2) n = 3, 
controlled by the volume diffusion; (3) n = 4, controlled by the grain boundary diffusion; 
and (4) n = 5, controlled by the pipe diffusion.  
Abe [16, 76] studied the coarsening kinetics of M23C6 particles on subgrain boundaries in 
9Cr-W steels at 600 ℃ (Figure 3.3). The coarsening behavior satisfies Eq. (3.1) with n = 
3, indicating that the coarsening process is controlled by the volume diffusion. It is 
worthy noticing that M23C6 particles are relatively stable in steels with high W content 
(e.g., 4% W). The stable M23C6 particles effectively retard the recovery process of the 
dislocation structures in 9-12%Cr ferritic steels, and thus, improve the creep resistance of 
these steels. The coarsening rate of MX particles is much smaller (~ 1/10) than M23C6 
particles, probably due to the low solubility of Nb and V atoms in the ferritic matrix [16]. 
Taneike et al. [74] and Abe et al. [15] tried to replace M23C6 with thermally stable MX 
particles along lath boundaries by controlling the compositions, and succeeded to develop 
new ferritic steels with better creep rupture strength than P92 and T91.   
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3.1.2 Coarsening behavior of 𝜸′ in nickel-based superalloys 
As mentioned in Chapter II, coherent Ni3Al-type 𝛾′ has been employed to strengthen 𝛾 in 
nickel-based superalloys. Ardell and Nicholson [77] investigated the coarsening of 𝛾′ in 
the aging temperature range from 625 to 775 ℃ in Ni-Al alloys. Some of results are 
shown in Figure 3.4. The coarsening kinetics of 𝛾′ obeys Eq. (3.1) with n = 3, as shown 
in Figure 3.4. The estimated 𝛾/ 𝛾′ interfacial energy is ~ 30.6 ± 4.5 mJ/m2 in the (100) 
crystallographic planes. Ardell and Nicholson [77] argued that the agreement between the 
coarsening theory and experimental results is mainly due to the absence of large 
coherency strains in Ni-Al alloys.  
Modern commercial nickel-based superalloys contain many other alloying components 
(such as Fe, Mo, Ti, and Cr). These alloying elements could affect the elemental 
distribution between 𝛾 and 𝛾′, the effective diffusion coefficient, and the 𝛾/ 𝛾′ interfacial 
energy, which consequently could play a large role in the coarsening kinetics of 𝛾′ in 
nickel-based superalloys. Li et al. [78] summarized the coarsening kinetics of 𝛾′ 
precipitates (750  - 1,100 ℃) in nickel-based superalloys. The 𝛾/ 𝛾′ interfacial energy in 
nickel-based superalloys is in the range from ~ 55 – 90 mJ/m
2
 [78], which is comparable 
with that reported by Ardell and Nicholson [77].  
3.1.3 NiAl-type precipitates in ferritic alloys 
Similarly, NiAl-type precipitates tend to grow and coarsen, driven by decreasing the total 
interfacial energy [77, 79, 80]. The strengthening effect of NiAl-type precipitates is 
strongly related to the precipitate volume fraction (f), average size ( ?̅? ), and inter-
precipitate distance (L) [28]. The long-term stability of NiAl-type precipitates at expected 
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operational temperatures (~ 700 ℃ and above) is a critical issue for applications of NiAl-
strengthened ferritic alloys. Limited studies have been performed to investigate the 
coarsening kinetics of NiAl-type precipitates in the α-iron matrix [64, 65].  In the 
following sections, the coarsening behavior of NiAl-type precipitates in FBB8 during the 
iso-thermal aging treatment at 700, 800, and 950 ℃ will be addressed.  
3.2 Experimental Methods 
3.2.1 Sample preparation 
An ingot of FBB8 (~ 12.7 × 25.4 × 1.9 cm) was prepared by the Sophisticated Alloys, 
Inc., using the vacuum induction melting. The nominal and measured compositions of the 
ingot are listed in Table 3.1. Hot iso-thermal pressing (1,200 ℃ /103 MPa/4 h) was 
performed to minimize casting porosity. Slices were cut from the ingot, and capsuled into 
quartz tubes with vacuum environment. Encapsulated specimens were solution treated for 
1 h at 1,200 ℃ , followed by air cooling, and then aged at 700, 800, and 950 ℃ , 
respectively. The final grain size is around 100 μm. Segregation areas enriched with Zr 
and Mo are found along grain boundaries and within grains, as shown in Figure 3.5.   
3.2.2 Microstructural investigation by USAXS 
The USAXS measurements on thin foils of ~ 70 μm were performed with the photon 
energy of 16.8 keV and slits of 1.5 × 0.6 mm at the ChemMatCARS beamline 15-ID-D, 
located at the Advanced Photon Source (APS), Argonne National Laboratory. Refer to 
Ref. [81] for details. Raw data was reduced using the Indra package, which resulted in 
data on the absolute intensity scale. The reduced USAXS data was analyzed by the Irena 
package [82].  
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Small angle scattering has been used to investigate composition inhomogeneity in metals 
and alloys [83-85]. A brief introduction to small-angle scattering is given as follows. In a 
system with identical inhomogeneity (precipitates in our case), the scattering intensity 
can be described by [86] 
 𝐼(𝑞) = 𝑛𝐹(𝑞, 𝑟)𝑆(𝑞)  (3.2) 
where n is the total number of precipitates, r is the precipitate size, q is the scattering 
vector defined as  
4𝜋
𝜆
sin 𝜃 (λ is the X-ray wavelength, and 2θ is the angle between the 
incident and scattered wave vectors), F is the form factor, and S is the structure factor. 
The form factor of spherical precipitates is given by 
 𝐹(𝑞, 𝑟) = ∆𝜌4𝜋𝑟3
sin 𝑞𝑟−𝑞𝑟 cos 𝑞𝑟
(𝑞𝑟)3
  (3.3) 
where ∆𝜌(𝑟)  is the contrast between the matrix and precipitates, resulting from the 
electron-density difference. The precipitate size distribution becomes broader and more 
symmetric [87, 88] with increasing volume fraction than that predicted by the classical 
Lifshitz-Slyozov-Wagner (LSW) distribution [89, 90]. We employed the Gaussian 
distribution to describe the precipitate size distribution in the data modeling.   
Precipitates interact with each other with non-zero volume fraction. The interaction has 
strong effects on the scattering intensity. The inter-precipitate structure factor [85, 91, 92] 
was used to characterize the interaction among NiAl-type precipitates. It is defined as 






− 1  (3.4) 
where σ is the standard deviation of the inter-precipitate distance, L.   
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3.2.3 Microstructural investigation by SEM and TEM 
Specimens were also examined in a Zeiss Gemini 1525 SEM equipped with a back-
scattered electron detector. Specimens were fine-polished without chemical etching. 
Images were converted to binary ones, using the image-processing toolbox in Matlab 
[93]. Information, such as the precipitate volume fraction and size, was extracted from 
binary images. Meanwhile, the matrix composition was determined by the energy-
dispersive X-ray spectroscopy (EDX). The corresponding precipitate composition was 
calculated by the lever rule with knowledge of the volume fraction. When the precipitate 
size is greater ~ 1 μm, the precipitate composition was also directly measured. At least 
three measurements were performed for each case.   
Some specimens were examined by a Zeiss Libra 200 TEM model. Discs with the 
diameter of 3 mm were polished to ~ 70 μm, and then, further thinned through electro-
polishing in a Fischione twin-jet polisher. The electrolyte of 5 volume percent HCl in 
ethanol was used at RT. After perforation, the specimens were ion milled for ~ 15 
minutes with the ion energy of 3.5 kV.    
3.3 Results 
3.3.1 Characterization by TEM 
Typical morphology of NiAl-type precipitates is shown in Figure 3.6. Precipitates are 
spherical, suggesting small coherency strains between the matrix and precipitates. The 
lattice parameter mismatch between the matrix and NiAl-type precipitates is ~ 0.02% at 
700 ℃ for specimens aged for 100 h at 700 ℃ [38]. The precipitate volume fraction is ~ 
15 – 16% [66] at 700 ℃. NiAl-type precipitates are not chemically stoichiometric and 
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display solubility of other elements. Teng et al.[66] reported the composition of NiAl-
type precipitates as Ni41.2Al43.6Fe12.7Cr0.8Mo1.4 (at.%) for specimens aged for 100 h at 700 
℃. It is worthy noticing that contrast is presented within each precipitate in Figure 3.6, 
which is probably due to the nano-sized iron-rich disordered phase forming during the 
cooling process [66].  
3.3.1 Characterization by SEM 
NiAl-type precipitates were characterized when the mean planar radius, 𝑟𝑟, is larger than 
~ 200 nm. Similar precipitate morphology is shown in Figure 3.7(a), as that observed by 
TEM. NiAl-type precipitates remain spherical even at 𝑟𝑟 ~ 1.3 μm. As shown in Figure 
3.7(a), NiAl-type precipitates coarsen during the iso-thermal aging treatment at 800 and 
950 ℃. The corresponding precipitate size distributions are shown in Figure 3.7(b). The 
precipitate volume fraction gradually decreases from ~ 15.5% at 700 ℃ to ~ 5% at 950 ℃ 
(Figure 3.8). The results from image analysis are listed in Table 3.2. Note that 𝑟𝑟  is 
divided by 0.82 and converted to the mean radius, ?̅? [27]. At least 534 precipitates were 
considered. Table 3.2 also includes statistical parameters (variance, skewness, and 
kurtosis [64]) of the distribution probability of NiAl-type precipitates.  
The measured or calculated matrix/precipitate compositions are listed in Table 3.3. The 
measured precipitate compositions is consistent with those calculated by the lever rule at 
950 ℃. It is interesting to notice that the iron content in NiAl-type precipitates at 800 ℃ 
and beyond (~ 35 – 40 wt.%) is more than twice as much as that at 700 ℃ (15.8 wt.%). 
This trend probably explains why small α-iron particles were observed in NiAl-type 
precipitates [39, 66]. Meanwhile, more chromium, but less molybdenum, dissolves into 
precipitates at higher aging temperatures. The mole ratio of aluminum and nickel in 
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NiAl-type precipitates is close to 1:1, although there are always slightly more aluminum 
atoms than nickel, suggesting that other solute atoms (e.g., iron, chromium, and 
molybdenum) randomly replace aluminum and nickel without clear preference [94].    
3.3.2 Characterization by USAXS 
One representative USAXS spectrum from a specimen aged for 350 h at 700 ℃ is shown 
in Figure 3.9 as a plot of the scattering intensity, I, vs. scattering vector, q, on the log-log 
scale. The spectrum in Figure 3.9 consists of three regions. In region I (q < ~ 0.001 Å
-1
), 
the scattering intensity is believed to come from the grain structure and segregation areas 
[83]. Main scattering features from NiAl-type precipitates (the Guinier knee and the 
subsequent power-law slop) are presented in region II (0.001 Å
-1
 < q < 0.1 Å
-1
). The 
background scattering dominates region III (q > ~ 0.1 Å
-1
). Since the scattering vector is 
inversely related to the real space dimension of precipitates, large precipitates are 
expected to have scattering features in the small q region. The structure factor in the 
small q region (< ~ 0.003 Å
-1
) is much smaller than unity, indicating the strong 
interaction among precipitates.  
Three cooling conditions followed the solution treatment (1 h at 1,200 ℃), i.e., water 
quenching (~ 50 ℃/s), air cooling (~ 200 – 300 ℃/min), and slow cooling (10 ℃/min), 
were used. NiAl-type precipitates nucleate and grow in all three cases. Even water 
quenching cannot suppress the nucleation as shown in Figure 3.10. The shift of scattering 
features to the small q region with the decreasing cooling rate indicates the dependence of 
the precipitate size on the cooling rate (Table 3.4). r̅ increases from ~ 9 nm for water 
quenching to ~ 305 nm for slow cooling. For the case of slow cooling, scattering features 
in the q range from 0.01 Å−1 to < 0.1 Å−1 result from additional smaller precipitates (r̅  ~ 
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8 nm) are observed, which indicates a secondary nucleation process in the cooling step 
[95]. The hardness of solution-treated specimens is closely related to the cooling rate or 
microstructures. The slow-cooled specimen with largest precipitates (305 nm) has the 
lowest hardness of 373 HV, while the water-quenched sample is ~ 200 HV harder.  
The evolution of USAXS spectra as a function of the aging time at 700 and 800 ℃ are 
presented in Figure 3.11. As shown in Figure 3.11, scattering features shift to the small q 
region as the aging time increases, suggesting that the precipitate size increases during 
the aging treatment. The USAXS-derived parameters, such as the mean radius, standard 
deviation, L, and σ are listed in Tables 3.5 and 3.6, respectively. For comparison, we 
include the ideal inter-precipitate distance, 𝐿𝑖𝑑𝑒𝑎𝑙, defined as  






As shown in Tables 3.5 and 3.6, NiAl-type precipitates become more separated during 
the iso-thermal aging. For example, L increases from 52 ± 4 nm for 100 h to 103 ± 8 nm 
for 695 h at 700 ℃ . The value of L is systematically smaller than 𝐿𝑖𝑑𝑒𝑎𝑙 , and the 
discrepancy enlarges as the aging time increases, which indicates the existence of the 
non-uniform spatial arrangement of precipitates [92].  
In Figures 3.11(b), the scattering curves have features at the q range from 0.01 to 0.1 Å
-1
. 
These features come from fine precipitates, which nucleate and grow in the cooling 
process following the aging treatment. More will be discussed about these fine cooling 




3.4.1 Non-uniform distribution of NiAl-type precipitates 
The image analysis was employed to directly investigate the spatial distribution of NiAl-
type precipitates. A sampling area with the size of na × na (n = 1 and 2, and a, defined as 
√𝜋𝑟𝑟2/𝑓, is the ideal planar inter-precipitate distance) was randomly taken from Figure 
3.12(a), and the area fractions of the matrix (𝑓𝛼) and NiAl-type precipitates  (𝑓𝛽) were 
counted and recorded each time. Figure 3.12(b) shows the probability distribution of 𝑓𝛼 
and 𝑓𝛽 by sampling 20,000 times.  
For uniformly-distributed precipitates, 𝑓𝛼 and 𝑓𝛽 are expected to concentrate around 84% 
and 16% [the precipitate area fraction in Figure 3.12(a)], respectively. However, as 
shown in Figure 3.12(b), 𝑓𝛼 and 𝑓𝛽 spread out in a wide range. The standard deviation of 
𝑓𝛽 is as high as 0.1 for the sampling size of a × a. The wide distributions of 𝑓𝛼 and 𝑓𝛽 
directly demonstrate non-uniform spatial distribution of NiAl-type precipitates. Similarly, 
a highly spatially correlated arrangement of coherent Ni3Al precipitates in Ni-Al alloys 
was reported [77, 96, 97]. Note that a coherent precipitate has the elastic strain energy 
(Estr) due to the matrix/precipitate lattice mismatch and the elastic interaction energy 
(Eint) among precipitates, besides the interfacial energy [98]. The equilibrium precipitate 
morphology is strongly associated with Estr [24, 99]. Meanwhile, the non-uniform spatial 
distribution of precipitates is suggested to be driven by the total energy decrease because 
of Eint [100, 101]. It is surprised to find out that the elastic interaction energy plays a role 
in the arrangement of NiAl-type precipitates in FBB8 even with such a small 
matrix/precipitate lattice mismatch. 
 
47 
3.4.2 Coarsening rate and interfacial energy between the matrix and NiAl-type 
precipitates 
The LSW theory [89, 90] was firstly developed to describe the ripening process in a 
dilute binary system in a comprehensive manner. Extensive research has been performed 
to extend it to multicomponent alloys with non-zero volume fractions [102-104]. The 
latest development was recently made by Philippe and Voorhees [72]. As discussed  by 
Philippe and Voorhees [72], the coarsening kinetics in multicomponent alloys can be 
described as  
 ?̅? = 𝑘𝑡1/3  (3.6) 
where k is the coarsening rate, and t is the aging time. It has the same form as the LSW 
theory. As shown in Figure 3.13, the linear relationship between ?̅?  and 𝑡1/3  is well 
satisfied. k was determined to be ~ 12.1, 37.8, and 118.3 nm/h
1/3
 at 700, 800, and 950 ℃, 
respectively. Note the values of ?̅? determined by USAXS and image analysis are similar 
at 800 ℃, which confirms our USAXS modeling. The agreement between the experiment 
and theory results from the absence of large coherency strain in the matrix [77]. 
Following the coarsening rate, the precipitate size would be ~ 1 µm after a ten-year 
service at 700℃.  
Neglecting off-diagonal terms of the mobility matrix (M), k
3

















 is the molar volume of NiAl-type precipitates, 𝛾  is the interfacial energy 




 are the equilibrium mole fractions of the component i in the matrix and NiAl-
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type precipitates, respectively. Since off-diagonal elements in the mobility matrix, M, and 
diffusion matrix, D, are neglected, the relationship between the mobility M and D is [72]  






where Di is the self-diffusion or impurity diffusion coefficient of the element i in the 
matrix, and  𝐺𝑚
𝛼  is the matrix molar Gibbs free energy. Assuming the ideal solution for 
simplicity, 𝐺𝑚
𝛼  is given by  
 𝐺𝑚





𝑖=1   (3.9) 
where 𝐺𝑖
0 is the molar Gibbs free energy of a pure component i.  Note that 𝑐1 = 1 −
∑ 𝑐𝑖
𝑁
𝑖=2 , and the number of component variables is n-1. For FBB8, atomic fractions of 
aluminum, nickel, chromium, and molybdenum in the α-iron matrix are taken as 









𝛼   (3.10) 
Therefore, Eq. (3.7) can be described by    













  (3.11) 
For the ternary alloy systems, Eq. (3.11) is reduced to that developed by Kuehmann and 
Voorhees [102]. According to Eq. (3.11), we could estimate the interfacial energy 
between the matrix and NiAl-type precipitates, given other parameters listed in Table 3.7. 
Note that 𝑉𝑚
𝛽
 is calculated from the lattice constant of NiAl-type precipitates measured by 
neutron diffraction. Impurity-diffusion coefficients in α iron were summarized in Ref. 
[7], and the original references [105-109] are given in Table 3.6. By substituting all 





at 700, 800, and 950 ℃, respectively. Ghosh [110] has calculated the interfacial 
energy between α iron and NiAl by first principles, and the calculated result is 
comparable with the value at 700 ℃ in this study. It is interesting to notice that the 
interfacial energy at 700 ℃ is much larger than that at 800 or 950 ℃. In FBB8, the 
interfacial energy is believed to be dominated by the chemical contribution, since the 
coherency strain between the matrix and NiAl-type precipitates is negligible. As shown 
in Table 3.3, the matrix/precipitate composition gap gradually shrinks at higher aging 
temperatures, which probably explains the observed interfacial energy change. With even 
more similar compositions, the interfacial energy in {100} planes between the nickel 
matrix and coherent Ni3Al precipitates are reported to be 25.3 - 37.7 mJ/m
2
 in the 
temperature range from 625 to 725 ℃ [77]. Further, temperature itself may affect the 
interfacial energy as well. Calderon and Fine [64] investigated the coarsening kinetics of 
NiAl-type precipitates in Fe-Ni-Al and Fe-Ni-Al-Mo alloys at 700 ℃ . Both the 
coarsening rate (~ 5 nm/h
1/3
) and interfacial energy (16 – 42 mJ/m
2
) between the matrix 
and NiAl-type precipitates they reported are much smaller than values in the present 
study. The precipitate composition in their investigation is likely to be different from our 
case and may contain more iron, since the overall mole ratio of Al and Ni is far from 1:1 
in their case, which is probably responsible for the discrepancy. Unfortunately, they did 
not measure the precipitate compositions at 700 ℃.   
According to Eq. (3.11), it is observed that the coarsening kinetics of precipitates is not 
only controlled by the elemental diffusion coefficient, Di, but also by the elemental 
partition between the matrix and precipitates (𝐶?̅?
𝛼 and 𝐶̅𝑖
𝛽
), given the interfacial energy. In 
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order to obtain a stable microstructure in precipitate-strengthened alloys, elements, which 
have low diffusivities in the matrix and are preferred to enrich in precipitates, would help 
retard the coarsening process. Currently, extensive computational work has been 
performed to search such elements in NiAl-strengthened ferritic alloys [111, 112]. 
3.5 Conclusions   
The coarsening behavior of NiAl-type precipitates in FBB8 at 700, 800, and 950 ℃ was 
investigated by integrated experimental and theoretical methods. The following 
conclusions are drawn from the results: 
(1) NiAl-precipitates nucleate quickly, following the solution treatment at 1,200 ℃. Even 
the water quenching cannot suppress the nucleation. The precipitate size is strongly 
dependent on the cooling rate. During the aging treatment, NiAl-type precipitates are 
gradually dissolved into the matrix and contain much more iron atoms at higher aging 
temperatures.  
(2) A large number of fine precipitates (with the size of several to tens of nanometers) 
form in the cooling process, following the aging treatments. Such fine precipitates could 
strongly affect the deformation behavior of FBB8 at room and intermediate temperatures.  
(3) The non-uniform spatial arrangement of precipitates is observed, which is probably 
due to the elastic interaction between precipitates. The localized distribution becomes 
more evident, as the aging time increases.  
(4) The coarsening kinetics of NiAl-type precipitates is in excellent agreement with the 
LSW theory. The coarsening rate is determined to be ~ 12.1, 37.8, and 118.3 nm/h
1/3 
at 
700, 800, and 950 ℃, respectively. 
 
51 
(5) The matrix/precipitate interfacial energies in FBB8 are estimated to be 192, 40, and 
21 mJ/m
2
 at 700, 800, and 950 ℃, respectively. It is likely that the interfacial energy is 























Table 3.1 The compositions of the FBB8 ingot, wt.% 
 Al Ni Cr Mo Zr B Fe 
Nominal Composition 6.5 10 10 3.4 0.25 0.005 Bal. 






















Table 3.2 Results from the back-scattered images analysis (T: aging temperature; t: aging 
time; N: number of precipitates; rmax/rmin: maximum/minimum radius on the observed 











  ?̅? 
(nm) 
Variance Skewness Kurtosis 
800 312 534 213 331/75 49 259 0.0527 - 0.1796 2.5635 
800 408 728 231 356/36 52 282 0.0507 - 0.3295 2.9016 
800 504 960 248 445/44 44 303 0.0609 - 0.1561 2.6127 
950 11 853 283 426/112 50 345 0.0315 -0.2063 2.7072 
950 25 690 380 556/107 83 463 0.0473 - 0.3573 2.9030 
950 50 1270 440 678/230 78 537 0.0318 0.0136 2.3843 












Table 3.3 The compositions of NiAl precipitates and the α-iron matrix, wt.%. The values 
in brackets are calculated by the lever rule.  
 Fe Cr Al Ni Mo 
700 ℃ 
[66] 
precipitates  15.8 0.9 26.3 54.0 3.0 
matrix 76.5 11.3 3.5 3.2 5.4 
800 ℃ precipitates  (35.0) (5.6) (19.7) (36.9) (2.7) 
matrix 74.3 ± 0.7 11.0 ± 0.1 4.7 ± 0.1 6.3 ± 0.6 3.7 ± 0.3 
900 ℃ precipitates  (41.6) (5.0) (17.8) (34.4) (1.2) 
matrix 71.8 ± 0.6 10.8 ± 0.3 5.6 ± 0.2 8.0 ± 0.6 3.8 ± 0.1 
950 ℃ precipitates  39.8 ± 2.5 
(43.6) 
5.3 ± 0.7 
(4.0) 
17.0 ± 0.6 
(16.3) 
36.5 ± 2.7 
(37.4) 
1.4 ± 0.1 
- 











Table 3.4 List of the precipitate size and Vickers hardness for each cooling condition, 
following the solution treatment (std: standard deviation of ?̅?). 
Condition ?̅? (nm) std (nm) Hardness (HV) 
ST + water quench 9 1 572 ± 21 
ST + air cooling 36 5 474 ± 9 



















Table 3.5 USAXS-derived parameters for specimens aged at 700 ℃.  
t (h) ?̅? (nm) std (nm) L (nm) σ (nm) 𝐿𝑖𝑑𝑒𝑎𝑙 (nm) 
100 52 ± 4 13 ± 2 119 ± 3 64 ± 2 156  
200 62 ± 4 20 ± 2 131 ± 4 80 ± 1 186 
350 72 ± 5 21 ± 3 150 ± 8 115 ± 2 216 
500 87 ± 3 19 ± 1 156 ± 4 107 ± 1  261 
655 99 ± 5 22 ± 3 235 ± 6 122 ± 3 297 


















Table 3.6 USAXS-derived parameters for specimens aged at 800 ℃.  
t (h) ?̅? (nm) std (nm) L (nm) σ (nm) 𝐿𝑖𝑑𝑒𝑎𝑙 (nm) 
2 44 ± 2 10 ± 1 90 ± 11 69 ± 4 135 
6 65 ± 4 14 ± 2 130 ± 18 95 ± 7 199 
10 78 ± 8 16 ± 2 140 ± 29 116 ± 10 239 
30 112 ± 4 24 ± 2 220 ± 17 159 ± 5 343 
100 163 ± 3 31 ± 3 340 ± 17 240 ± 12 499 
197 200 ± 4 42 ± 2 360 ± 23 258 ± 8 612 
312 253 ± 4 39 ± 1 370 ± 20 253 ± 4 775 















Table 3.7 List of parameters and estimated interfacial energies at 700, 800 and 950 ℃.  
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4.1 × 10−18  2.5 × 10−16  1.2 × 10−14 













Figure 3.1 TEM images of TAF650 steel microstructures: (a) the as-received state; (b) 




Figure 3.2 The evolutions of the lath width and dislocation density as a function of the 










Figure 3.3 The coarsening kinetics of M23C6 particles in 9Cr-W steels during the creep at 












Figure 3.4 The coarsening kinetics of 𝛾′ from 625 to 775 ℃ in Ni-Al alloys [77]. Note 






Figure 3.5 Back-scattered electron image of the FBB8 specimen aged for 100 h at 700 
℃. The segregation areas enriched in Zr and Mo are found along grain boundaries and 












Figure 3.6 Dark-field image of B2 NiAl-type precipitates in the FBB8 specimen aged for 
100 h at 700 ℃ (α: the α-iron matrix; β: NiAl-type precipitates). The inset shows the 
diffraction pattern. The image was taken using the (100) superlattice diffraction from B2 







Figure 3.7 (a) Typical morphology of NiAl-type precipitates. The image intensity is 
adjusted by Matlab in order to strengthen the contrast between the matrix and NiAl-type 































Figure 3.8 The precipitate volume fraction as a function of aging temperature. The 
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Figure 3.12 The probability distribution of 𝑓𝛼 (blue) and 𝑓𝛽  (red) by sampling (a) for 
20,000 times. The sampling area are a × a and 2a × 2a (b). The specimen is aged for 408 




Figure 3.13 The coarsening kinetics of NiAl-type precipitates at 700, 800, and 950 ℃, 





Figure 3.14 The coarsening rate of NiAl-type precipitates as a function of aging 





DUPLEX PRECIPITATES AND THEIR EFFECTS ON THE RT 
FRACTURE BEHAVIOR 
4.1 Introduction 
NiAl-strengthened ferritic alloys were reported to suffer from poor room-temperature 
ductility [39, 40, 68, 69, 113]. Generally, a room-temperature tensile ductility of ~ 10% is 
required for workability in the as-cast condition and following manufacturing process 
[69]. For thick-section structural components, enough toughness (> 50 J by the Charpy 
impact test) is a basic requirement [74]. Factors, such as the precipitate distribution 
parameters [39, 40, 68, 69] (e.g., the precipitate volume fraction, f, average size, ?̅?, and 
inter-particle distance, L) and solute atoms like aluminum and nickel in the matrix [69] 
were discussed. But the root cause for the RT fracture of NiAl-strengthened ferritic alloys 
is not yet understood. Previous studies on NiAl-strengthened ferritic alloys revealed the 
presence of duplex precipitates (aged and fine cooling precipitates) after heat treatments 
[39, 66]. However, effects of fine cooling precipitates have not been investigated. In this 
chapter, we will characterize fine cooling precipitates by USAXS [81, 86] and TEM, and 
discuss their effects on the RT fracture behavior of NiAl-strengthened ferritic alloys. The 
corresponding results have been published in Ref. [114].  
4.2 Experimental Methods 
Readers are referred to Chapter III for the materials preparation and microstructural 
characterization by USAXS and TEM. Tension/compression tests were conducted with 




 using hydraulic Materials Testing System (MTS) machines. The 
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0.2% yield stress, 𝜎𝑌, was derived from three compression tests. The Vickers hardness of 
specimens was measured. At least six measurements were performed for each specimen. 
Fractured specimens were studied by SEM. Some deformed specimens were also 
examined by TEM to reveal the deformation mechanisms. The Charpy tests were 
performed at RT according to ASTM-E23. Subsize specimens (10 mm × 5 mm × 55 
mm) containing a 2-mm 45° V-notch with a root radius of 0.25 mm were used.   
4.3 Results and Discussions 
4.3.1 Duplex precipitates in FBB8 
Figures 4.1(a) and (b) show USAXS scattering curves, documenting the bimodal 
precipitate distribution in specimens aged for 100 h at 800 ℃ , together with 
corresponding TEM images. In this Chapter, the subscript ‘1’ stands for aged precipitates 
and ‘2’ for cooling precipitates. Since the scattering vector, q, is inversely related to the 
real dimension of precipitates, small precipitates show as features in USAXS curves at 
larger q values. For example, in Figure 4.1(a), aged precipitates (?̅?1 ~ 163 ± 3 nm) are 
represented by features (Guinier knee and subsequent power-law slope) in the q range 
from 0.0003 to 0.02 Å
-1
, while cooling precipitates (?̅?2 ~ 3.1 ± 0.5 nm) dominate the q 
regime from 0.02 to 0.15 Å
-1
. Beyond 0.15 Å
-1
, the scattering intensity from the 
background overwhelms that from precipitates. By comparing Figures 4.1(a) and (b), the 
size of cooling precipitates is strongly related to the cooling rate. ?̅?2 ~ 3.1 ± 0.5 and 7.6 ± 
1.8 nm for WQ and AC, respectively, following the aging treatment at 800 ℃. It is 
reported that the solubility of aluminum and nickel in α iron decreases, as the temperature 
decreases in the Fe-Ni-Al system [63]. Consequently, NiAl-type precipitates are likely to 
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nucleate and grow in the cooling process due to supersaturated aluminum and nickel 
atoms in the matrix, and it is confirmed by the size dependence of fine precipitates on the 
cooling rate following the aging treatment. Corresponding TEM images show that 
cooling precipitates have the B2-ordered structure. The cooling-precipitates-free zone 
around aged precipitates is observed. Specimens aged for a longer time at 800 ℃ show 
similar distribution of cooling precipitates. ?̅?2  also shows the dependence on aging 
temperatures, as can be seen in Figure 4.1(c). Cooling precipitates for specimens aged at 
700 ℃ cannot be directly observed by USAXS due to the background scattering in the q 
regime greater than 0.1 Å
-1
. When these specimens were aged for 50 h at 500 ℃, fine 
precipitates show their features in relative small q area, as shown in Figure 4.1(d). The 
double aging treatment probably does not greatly change the volume fraction of fine 
precipitates because of the high precipitation rate of NiAl-type precipitates during 
cooling. Teng et al. [66] observed cooling precipitates (?̅?2 ~ 1.5 nm) through APT for 
specimens aged for 100 h at 700 ℃ + AC. The composition of these cooling precipitates 
was determined to be Ni26.3Al41.6Fe26.9Cr3.3Mo1.7, which has aluminum content similar to 
that of aged precipitates (Ni41.2Al43.6Fe12.7Cr0.8Mo1.4). Assuming that aged and cooling 
precipitates have similar contrast relative to the matrix at the aging temperatures of 700 
and 800 ℃, the volume fractions of cooling precipitates at both aging temperatures are 
estimated based on USAXS results, and the values are listed in Table 4.1.  
4.3.2 Mechanical properties of FBB8 at RT 
All specimens failed in the elastic range without any macroscopic plastic deformation in 
tensile tests. The energy absorption is ~ 0.7 J for Charpy impact tests at RT. Figure 4.2(a) 
presents the hardness of specimens subjected to different heat treatments. The hardness 
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remains essentially constant at ~ 457 HV for specimens aged at 800 ℃, while it slightly 
decreases at the beginning and stays at ~ 350 HV for specimens aged at 700 ℃. The 
hardness of specimens aged at 800 ℃ is higher (~ 90 HV) than that at 700 ℃. The fact is 
consistent with the observed yield stresses [1015 ± 62 MPa for the specimen aged for 
100 h at 700 ℃ + AC (Condition 1); 1166 ± 46 MPa for the specimen aged for 100 h at 
800 ℃ + WQ (Condition 2)]. The solution-treated specimen has the highest hardness 
(474 HV). Note the hardness is associated with the cooling rate following the aging 
treatment at 800 ℃. The air-cooled specimen is ~ 27 HV softer than the water-quenched 
one. On the contrary, specimens aged at 700 do not show such strong dependence.  
Figure 4.3 shows the TEM micrographs of deformed specimens (Condition 1 and 2). In 
Figure 4.3(a), dislocation loops around aged precipitates are observed, indicating that 
dislocations bypass aged precipitates through Orowan bowing. Meanwhile, dislocations 
tend to form pairs, suggesting that dislocations cut through fine ordered cooling 
precipitates [27]. The interaction between dislocations and cooling precipitates in 
Condition 2 is much stronger than that in Condition 1 as shown in Figure 4.3. 
4.3.3 Strengthening effects from aged and cooling precipitates 
Based on Eqs. (2.6) and (2.7), the Orowan strengthening from aged precipitates can be 
estimated. In this study, we take G = 80 GPa, ν = 0.3, b = 0.24982 nm, and r0 = b. The 
precipitate volume fractions are 0.155 ± 0.5 [66] and 0.146 ± 0.9 for specimens aged at 
700 and 800 ℃, respectively. The coarsening behavior of aged precipitates at 700 and 
800 ℃ was reported in Chapter III. The estimated values are plotted against the aging 
time at 700 and 800 ℃ [Figure 4.2(b)]. As expected, the strengthening effect gradually 
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decreases with the increasing aging time at both temperatures. For example, Δ𝜎𝑂𝑟 goes 
down from 491 MPa for 100 h to 312 MPa at 500 h at 700 ℃. Note that Δ𝜎𝑂𝑟 is much 
high (~ 311 – 204 MPa) for specimens aged at 700 ℃ than that at 800 ℃, given the same 
aging time.  
The order strengthening from fine cooling precipitates can be estimated by Eq. (2.4) or 
(2.5), based on the microstructural information. Note that the volume fraction of 𝑓2
∗ , 
defined as 𝑓2
∗ = 𝑓2/(1 − 𝑓1), is used instead of f2 as suggested by Reppich et al. [116]. 
The estimated values of Δ𝜎𝑜𝑟𝑑𝑒𝑟 of cooling precipitates in Conditions 1 and 2 are listed in 
Table 4.1. Δ𝜎𝑜𝑟𝑑𝑒𝑟 is ~ 322 MPa for Condition 1, while it is approximately 2.5 times 
larger than ∆𝜎𝑂𝑟 in the case of Condition 2. We conclude that cooling precipitates harden 
the matrix considerably at RT in both conditions. 
Failed specimens in tensile tests were examined by SEM. The fracture surface shows 
typical river pattern of cleavage transgranular fracture. Cracked NiAl-type precipitates 
(labeled as C) just below the fracture surface are observed (Figure 4.4). NiAl is brittle at 
RT, whether in the single-crystalline or polycrystalline form [43, 44]. It is very likely that 
cracks initiate from NiAl-type precipitates. Cooling precipitates could have two impacts 
on the RT fracture. First, they excessively harden the matrix, and hence, the yield stress 
may exceed the fracture stress of NiAl-type precipitates. It is worthy noticing that the 
stress is probably inhomogeneous on the microscopic scale during deformation [29]. Due 
to the excessive hardening of cooling precipitates, the plastic zone size (∝
1
𝜎𝑌
2) near the 
crack tip is expected to be small if any, which results in a small amount of energy 
absorption by the plastic deformation. Hence, once a crack forms, it could propagate 
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quickly through the matrix. The coalescence and growth of cracks (labeled as P) is also 
observed in Figure 4.4. Teng et al. [69] studied the effect of the aging time (up to 1,000 h 
at 700 ℃) on the room-temperature ductility of FBB8. They concluded that the ductility 
is independent of the aging time, or equally the precipitate size in the studied range. ?̅?1 
becomes 122 nm for the FBB8 specimen aged for 1,000 h at 700 ℃ [115], and the 
corresponding Δ𝜎𝑂𝑟  decreases to ~ 250 MPa. However, the hardness of the specimen 
stays invariantly at ~ 350 HV [Figure 4.2(a)] due to the strengthening effect of cooling 
precipitates. It is possibly why the RT ductility of FBB8 does not improve even after a 
long-time aging treatment in their study [69]. New composition designs to avoid or 
decrease the amount of cooling precipitates are perhaps ways to improve the ductility of 
NiAl-strengthened ferritic alloys at RT. The refinement of grain size by the hot 
deformation and following heat treatment may also help.   
4.3.4 Effects of temperatures  
As discussed in Chapter II, DBTT is ~ 350 to 400 ℃ in <100>-oriented single NiAl 
crystals and ~ 200 ℃ for the <100>-oriented crystals [43]. Meanwhile, the strength of 
NiAl single crystals both in the soft and hard direction decrease quickly as a function of 
temperatures. As shown in Figure 4.5, the 0.2% yield stress of FBB8 specimens aged for 
100 h at 700 ℃ gradually decreases as a function of testing temperatures. At 700 ℃, the 
yield stress is ~ 569± 55 MPa. Effects of cooling precipitates at higher temperatures are 
not known. Above 700 ℃, the yield stress drops quickly. The specimen shows ~ 10% 
tensile ductility at 500 ℃, and the fracture mode changes from cleavage transgranular 
fracture to intergranular fracture (Figure 4.6). The intergranular fracture is very likely to 
be caused by the segregation along grain boundaries as reported in Chapter III. Based on 
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the results, we expect that FBB8 has decent workability at temperatures higher than 500 
℃.     
4.4 Conclusions     
In conclusion, duplex precipitates in FBB8 were observed by USAXS and TEM. Fine 
precipitates form during the cooling process following the aging treatment, and their 
average radius ranges from several to tens nanometers, depending on the cooling rate and 
aging temperature. Dislocations bypass aged precipitates through Orowan bowing, while 
fine cooling precipitates are possibly cut through by dislocations. Cooling precipitates 
harden the matrix considerably at RT. The order strengthening effects from cooling 
precipitates are estimated to be 322 and 639 MPa for Conditions 1 and 2, respectively. 
For the RT fracture of FBB8, cracks are very likely to initiate from NiAl-type 
precipitates, and they propagate quickly through the matrix due to the excessive 
hardening effect from cooling precipitates. The yield stress of FBB8 gradually decreases 
as a function of testing temperatures, and it is ~ 569± 55 MPa at 700 ℃. We expect that 









Table 4.1 Aged and cooling precipitates for Conditions 1 and 2, and their hardening 
effects. 
Specimens 𝜎𝑌 (MPa) 
 
Aged precipitates Cooling precipitates 











52  491 ± 14 ~ 3.5  1.5 [66]  ~ 322 (Eq. 
3.1) 




163 181 ± 10 ~ 5.0 3.1 ± 
0.5   
















Figure 4.1 Cooling precipitates in FBB8 aged at 800 ℃ for 100 h followed by WQ (a) 
and AC (b) characterized by USAXS and TEM. (c) The comparison of cooling 
precipitates for specimens aged at 800, 900, and 950 ℃. (d) Fine precipitates for the 
specimen aged for 100 h at 700 ℃ + 50 h at 500 ℃. The dark-field image was taken using 
(100) reflection from the B2 ordered structure. For clarity, the experimental error bar is 
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Figure 4.2 (a) The hardness of specimens subjected to different heat treatments. (b) The 
strengthening effect of aged precipitates as a function of the aging time.  
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Figure 4.3 Brigh-field images of dislocation structures [(a): Condition 1,  ~ -1.7%; (b): 
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Figure 4.4 Cracked precipitates (labeled as C) and crack coalescence and propagation 
(labeled as P) just below the fracture surface. The specimen was aged for 207 h at 800 ℃. 




Figure 4.5 The 0.2% yield stress of specimens aged for 100 h at 700 ℃ as a function of 











Figure 4.6 (a) The nominal tensile stress vs strain curve at 500 ℃. (b) The corresponding 




LOAD PARTITIONING BETWEEN THE MATRIX AND NIAL-
TYPE PRECIPITATES ON MUTIPLE SCALES 
5.1 Introduction 
Generally, the strengthening effects in materials containing reinforcing phases originate 
from two aspects: (1) the resistance to dislocation movement by the interaction with 
reinforcements through mechanisms, e.g., dislocation cutting, Orowan bowing, and 
dislocation climb [25, 27]; and (2) the load-carrying capability of stiff reinforcements due 
to the elastic and plastic misfit among constituent phases [117]. For materials with a large 
inter-particle distance, e.g., metal-matrix composites (MMCs), the first strengthening 
mechanism is practically negligible [118]. The extent of load partitioning is associated 
with many factors, e.g., the reinforcement volume fraction, morphology, and orientation. 
If the thermally-activated movement is involved, the load on reinforcements tends to 
relax during creep deformation [117, 119]. The load-partitioning behavior among 
constituent phases in engineering materials, such as carbon steels [120-122], Al/SiC 
composites [123, 124], and nickel-based superalloys [125, 126], has attracted 
considerable attention. However, few studies have targeted the load-partitioning behavior 
on multiple scales (i.e., macroscopic, mesoscopic or grain-level, and microscopic scales) 
and their relationship. 
It is usually difficult to distinguish separated roles of individual phases in multiphase 
materials by only considering the macroscopic stress-strain data. Neutron diffraction 
(ND) has long been employed to elucidate the intergranular and interphase interactions in 
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engineering materials [127-129]. In present chapter, the integrated experimental and 
theoretical approach, including the in-situ ND, TEM, and crystal-plasticity finite-element 
(FE) modeling, has been utilized to investigate the load-partitioning characteristics 
between the α-iron matrix and NiAl-type precipitates in FBB8 during uniaxial tension. 
Factors (i.e., the elastic and plastic anisotropy, the strain-hardening capability of the 
matrix, and temperature) have been discussed. By exploring the load transfer and 
relaxation on multiple scales and their relationship with mechanical properties, 
particularly at high temperatures, the present investigation would further our fundamental 
understanding of deformation mechanisms in multiphase materials, and provide insights 
into developing engineering alloys or composites with complex microstructures.  
5.2 Experiments and Modeling 
5.2.1 Materials preparation and characterization by TEM 
Please refer to Sections 3.2.1 and 3.2.3 in Chapter III for details of materials preparation 
and microstructural characterization by TEM. 
5.2.2 In-situ neutron experiment 
Two threaded tensile specimens of 41.28 mm in gauge length and 6.35 mm in diameter 
were in-situ loaded in the vacuum environment at the Spectrometer for the Materials 
Research at Temperature and stress (SMARTS) of Los Alamos Neutron Science Center 
(LANSCE), Los Alamos National Laboratory. A detailed description of the experimental 
setup can be found in Refs. [130-132]. The test temperatures, measured by thermocouples 
attached to specimens, were 364 and 506 ℃, respectively. The preload was ~ 10 MPa at 
both temperatures. The step-loading method was used, as shown in Figure 5.1. Total 14 
steps (load control: 10, 100, 200, 300, 400, 500, and 600 MPa; strain control: 0.81%, 
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0.91%, 1.02%, 1.23%, 1.43%, 1.64%, and 1.85%) were used at 364 ℃, while 13 steps at 
506 ℃ (load control: 10, 100, 150, 200, 250, 300, and 350 MPa; strain control: 0.29%, 
0.50%, 1.02%, 1.80%, 2.84%, and 3.88%). The time-of-flight ND patterns from lattice 
planes normal (axial) and parallel (transverse) to the loading direction were acquired by 
two sets of detectors with the counting time of half an hour. The ND spectrum represents 
the average information in the counting period. Only the axial diffraction spectra from 
lattice planes normal to the loading direction were analyzed. The macrostrain was 
monitored by the high-temperature extensometer.  
The lattice constant, a, was obtained by the whole-pattern Rietveld refinement using the 
General Structure Analysis System (GSAS) package [133], while the single-peak-fitting 
procedure in GSAS was employed to determine the interplanar spacing (dhkl). The lattice 





 where the subscript of ‘M’, stands for the matrix, and ‘P’ for NiAl-type precipitates. Two 
kinds of lattice strains were calculated based on the results:  
(1) the average axial lattice strain of the matrix, defined as 
   𝑀 =
𝑎𝑀−𝑎𝑀,0
𝑎𝑀,0
  (5.2) 
 where 𝑎𝑀,0 is the reference lattice constant of the matrix prior to loading;  




  (5.3) 
where 𝑑𝑃,0 is the reference interplanar {hkl} spacing of NiAl-type precipitates prior to 
loading. The crystallographic orientation is relative to the loading direction.   
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5.2.3 Crystal-plasticity FE model 
The crystal-plasticity FE modeling was employed to analyze the stress and strain 
distribution between the matrix and NiAl-type precipitates among different grains. The 
FE modeling was performed using the commercial software, Abaqus 6.11. The Abaqus 
user-defined material (UMAT) subroutine developed by Huang [134] was modified for 
the lattice-strain calculation [135]. In the model, the power law is used to describe the 
strain-rate dependence 





𝑠𝑔𝑛(𝜏𝛼)  (5.4) 
where 𝛼 represents the αth slip system, ?̇? is the shear strain rate, ?̇?0 is a characteristic 
strain rate, 𝜏 is the resolved shear stress, g is the current strength of the slip system, and n 
is the stress exponent.  
The strain-hardening behavior is expressed through the incremental relation  
  ?̇?(𝛼) = ∑ ℎ𝛼𝛽?̇?
(𝛽)
𝛽  (5.5) 
where ℎ𝛼𝛽 is the slip-hardening moduli, and the sum includes all activated slip systems. 
For the self-hardening moduli, ℎ𝛼𝛼, it follows the form proposed by Peirce, Asaro, and 
Needleman [136], and Asaro [137, 138] 





where ℎ0 is the initial hardening modulus, 𝜏0 is the yield stress, 𝜏𝑠 is the saturated stress, 
and 𝛾 is the Taylor cumulative shear strain on all slip systems, while the latent hardening 
moduli are given by 
  ℎ𝛼𝛽 = 𝑞ℎ(𝛾)  (𝑎 ≠ 𝛽) (5.7) 
where q is the latent hardening constant. 
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A total of 729 (9 × 9 × 9) randomly-oriented cubic grains were used in the model (Figure 
5.2). Each grain consists of 64 elements, and ten of them (eight at the center plus two 
outside) are assigned to be NiAl-type precipitates. Since the elastic properties of the 
matrix and precipitates at both temperatures are quite close, the same elastic constants 
(C11, C12, and C44) were used throughout the model for both cases. The elastic constants 
were estimated following Dever’s work [139], and were further adjusted by comparing 
with experimental diffraction elastic constants. Elements, which belong to precipitates, 
were set to deform elastically, and hence, only elastic constants are meaningful to these 
elements. Parameters (e.g., ℎ0 , 𝜏𝑠 , and 𝜏0 ) were chosen so that the modelled tensile 
stress-strain curves followed experimental results (the original applied stress vs. strain). 
Parameters involved in the model are listed in Table 5.1. One example of the Mises-stress 
distribution after deformation is presented in Figure 5.2(b). It is obvious that NiAl-type 
precipitates carry a larger share of load than the surrounding matrix.   
5.3 Results 
5.3.1 Tensile stress vs. strain responses 
The nominal stress-strain curves for uniaxial tensile tests at 364 and 506 ℃ are plotted in 
Figures 5.3(a) and (b), respectively. The specimen yielded at the stress between 500 to 
600 MPa at 364 ℃, and 450 to 500 MPa at 506 ℃. In the plastic regime, the applied load 
relaxes during each neutron-counting period due to the fixed crosshead displacement at 
both temperatures. The decay is more pronounced at 506 ℃ than 364 ℃. The stress-time 
curves of the first decay at both temperatures are included in the insets of Figure 5.3. The 
stress drops rapidly at the beginning, and the decay rate gradually slows down at both 
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temperatures. The average stress over the neutron-counting period (marked as red spots) 
at 364 ℃ linearly goes up from 611 to 725 MPa, as the strain increases from 0.81% to 
1.85%, while the average stress at 506 ℃ saturates around ~ 531 MPa at the strain larger 
than 2.0%. The activation volume for the load relaxation will be derived, based on the 
stress-decay curves, as will be discussed later. 
Superlattice reflections from ordered B2 NiAl-type precipitates (e.g., 100, 111, and 210) 
are observed in ND patterns, besides well-overlapped fundamental peaks (e.g., 110, 200, 
211, and 220), which are common for the matrix and NiAl-type precipitates (Figure 5.4). 
The ND pattern evolves, as the test proceeds, as shown in Figure 5.4. Overall, peaks from 
lattice planes normal to the loading direction shift to large d-spacing values, as the 
applied stress increases [see the (100) reflection evolution in the inset of Figure 5.4 as an 
example]. Since both phases have the similar elastic stiffness [38, 44], fundamental 
reflections remain overlapped in the elastic regime. However, they gradually separate 
upon plastic deformation, indicating load transfers to NiAl-type precipitates from the 
matrix. For example, as observed from the (200) reflection evolution in Figure 5.4, the 
overlapped (200) peak position prior to loading is 1.4472 Å. Then, it gradually becomes 
separated, and the peak positions are 1.4560 Å (α-iron matrix) and 1.4728 Å (NiAl-type 
precipitates) at the strain of ~ 1.85%. The extent of the peak separation strongly depends 
on the crystallographic orientation, as will be discussed later. 
5.3.2 Lattice-strain evolutions 
The evolutions of axial precipitate lattice strains from {100}, {111}, and {210} lattice 
planes normal to the loading direction (i.e., 𝑃,100, 𝑃,111, and 𝑃,210) at 364 and 506 ℃ 
are shown in Figures 5.5 and 5.6, respectively, as functions of macrostrain and applied 
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stress. The average axial lattice strain of the matrix ( 𝑀) is also included for comparison. 
At 364 ℃, 𝑀 linearly responds with the applied stress till 500 MPa [Figure 5.5(b)], as 
expected by materials obeying the Hooke’s law. The diffraction elastic modulus of the 
matrix is determined to be ~ 158 GPa. Afterwards (σ > 500 MPa), 𝑀 remains essentially 
constant at ~ 0.38%. The 𝑃,ℎ𝑘𝑙  evolution strongly depends on their crystallographic 
orientations, relative to the loading direction in both elastic and plastic regimes. The 
diffraction elastic moduli of NiAl-type precipitates in <100>, <111>, and <210> 
directions are determined to be 109, 228, and 154 GPa, respectively. 𝑃,100 and 𝑃,210 
continue to increase in the plastic regime. On the contrary, 𝑃,111 increases much slower 
and remains at ~ 0.42%. Finally, 𝑃,100 reaches as high as 1.62% at the macrostrain of 
1.86% [Figure 5.5(a)], which is approximate four times as much as 𝑃,111 . The FE-
modeling results are in excellent agreement with experimental data at 364 ℃, as shown in 
Figure 5.5. It confirms that NiAl-type precipitates deform elastically in this case. The 
stress on precipitates in the loading direction reaches ~ 1.25 GPa at the macrostrain of 
1.86%, based on the FE-predicted result.  
At 506 ℃, the elastic constants are similar with values at 364 ℃. As shown in Figure 5.6, 
𝑀 almost stays constant at ~ 0.35% in the elastic regime. 𝑃,100 and 𝑃,210 increase at the 
beginning, and gradually saturate at 1.3% for 𝑃,100 and 0.84% for 𝑃,210. At the same 
time, 𝑃,111  essentially remains at ~ 0.29%. The FE-predicted results are larger than 
experimental values in the plastic region, which results from the load relaxation around 
precipitates, as will be discussed later. Note that such a load relaxation is not modelled in 
the FE model.    
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5.3.3 Deformed microstructures 
The representative deformed structures are shown in Figure 5.7(a). NiAl-type precipitates 
(labeled as β) show strong interactions with dislocations. A large number of entangled 
dislocations and loops are observed around precipitates, which results in large strain field 
near precipitates. Dislocations are very likely to bypass NiAl-type precipitates by Orowan 
bowing. Dislocation loops accommodate the plastic misfit between the matrix and NiAl-
type precipitates [Figures 5.7(b) and (c)], and lead to the internal stress [117], as 
indicated by the lattice-strain evolution in Figures 5.5 and 5.6. The magnitude of the 
plastic misfit depends on the spatial arrangement of dislocation loops. Because of high 
local stress produced on precipitates and nearby matrix, arrays of dislocation loops are 
not stable [29]. Consequently, the load-relaxation process can occur through the 
rearrangement of these dislocations [Figure 5.7(d)] at high temperatures (506 ℃ in the 
case, as will be discussed later).  
5.4 Discussions 
5.4.1 Load transfer on the macroscopic scale 
Assuming the isotropic elasticity and randomly-distributed precipitates, the macroscopic 
load transfer to precipitates can be estimated by the Eshelby model [117, 140, 141]. 
Based on the Eshelby model, the plastic misfit between the matrix and NiAl-type 
precipitates,  𝑇
∗
















𝑃  is the plastic strain of the matrix in the loading direction (‘3’ axis). The 
superscript of ‘P’ represents the plastic deformation. 𝑀,3
𝑃  can be associated with the 
overall plastic strain, 3
𝑃, by 
 3
𝑃~(1 − 𝑓) 𝑀,3
𝑃  (5.9) 
The equivalent transformation strain, 𝑇, is defined as 
 𝑇 = −{(𝐶𝑀 − 𝐶𝑃)[𝑆 − 𝑓(𝑆 − 𝐼)] − 𝐶𝑀}
−1𝐶𝑃
𝑇∗ (5.10) 
where 𝐶𝑀 and 𝐶𝑃 are the stiffness tensors of the matrix and precipitates, respectively, I is 
the identity matrix, and S is the Eshelby tensor and is given in Ref. [117] for spherical 
inclusions. By assuming that the matrix and precipitates have the same stiffness tensor, 
Eq. (5.10) is simplified as follows 
 𝑇 = 𝑇
∗
 (5.11) 
The mean stress (the difference between the average phase stress and applied stress) on 
precipitates can be expressed, using 𝑇, by   
 〈𝜎〉𝑃 = (1 − 𝑓)𝐶𝑀(𝑆 − 𝐼)
𝑇 (5.12) 
Based on Eq. (5.12), the mean stress on NiAl-type precipitates in the loading direction, 
〈𝜎〉𝑃,3, can be described as 




where E is the elastic modulus of the matrix, 𝜈 is the Poisson’s ratio. According to Eq. 
(5.13), 〈𝜎〉𝑃,3  is expected to be linearly proportional to 3
𝑃 . Taking E as 158 GPa (as 
determined previously) and 𝜈 as 0.3, we have that 𝜎𝑃,3 ~ 64 3
𝑃 (GPa). 
Based on the FE modeling, 〈𝜎〉𝑃,3 is plotted against 3
𝑃 in Figure 5.8(a). The prediction by 
the Eshelby model is also included for comparison. The parameter, h0, is related to the 
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strain-hardening capability of the matrix, and three values (1,200, 550, and 300) were 
used. Other parameters except h0 keep constant following the FE model at 364 ℃. Notice 
that the case with h0 as 550 corresponds to the FE model at 364 ℃. At small strains ( 3
𝑃 < 
~ 0.1%), 〈𝜎〉𝑃,3 in three cases linearly increases as a function of 3
𝑃 with slopes of ~ 59 – 
61 GPa [Figure 5.8(a)], which agrees with the prediction by Eq. (5.13). However,  〈𝜎〉𝑃,3 
deviates downward from the prediction by the Eshelby model at large strains ( 3
𝑃 > ~ 
0.1%), and is associated with h0. Given other conditions, the matrix with a more 
pronounced strain-hardening capability (large h0) could effectively have NiAl-type 
precipitates deformed [large 〈𝜎〉𝑃,3], as indicated in Figure 5.8(a). Therefore, we conclude 
that the load-transfer efficiency between the matrix and NiAl-type precipitates at 364 ℃ 
is not as high as that predicted by the Eshelby model, and depends on the strain-
hardening capability of the matrix. 
5.4.2 Anisotropic lattice-strain evolution on the mesoscale 
At the grain-level mesoscale, the lattice-strain evolution shows strong dependence on 
crystallographic orientations, relative to the loading direction (Figures 5.5). To illustrate 
reasons for the anisotropic behavior, 𝑃,ℎ𝑘𝑙 due to plastic deformation is plotted against 
the plastic strain of <100>-, <111>-, and <210>-oriented grains families, respectively, in 
Figure 5.8(b). Two interesting points are worthy noticing in Figure 5.8(b). First, the 
plastic deformation is inhomogeneous among grains families (<100>: ~ 2.1%; <111>: ~ 
1.0%; and <210>: ~ 2.0%). Note that the overall plastic strain for the test at 364 ℃ is ~ 
1.4% [Figure 5.3(a)]. Second, 𝑃,111 <  𝑃,210 < 𝑃,100 at the same plastic strain. The fact 
can be explained by the elastic anisotropy of NiAl-type precipitates. For the elastic 
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constants, 𝐸ℎ𝑘𝑙 in <100>, <111>, and <210> directions, we know that 𝐸111 > 𝐸210 > 𝐸100 
[142]. Precipitates in stiff directions (e.g., <111>) are more resistant to be stressed by the 
matrix than those in soft directions (e.g., <100>)[117]. Both factors contribute to the 
anisotropic lattice-strain evolution, as shown in Figure 5.5. Based on the FE modeling, 
the stresses on NiAl-type precipitates in the loading direction are 1.20, 1.10, and 1.32 
GPa for <100>, <111>, and <210>-oriented grains, respectively, at the macrostrain of 
1.86% for the test at 364 ℃.  
5.4.3 Load relaxation and its microscopic mechanism 
As shown in Figure 5.6, the FE-predicted axial precipitate lattice strains (i.e., 𝑃,100 , 
𝑃,111, and 𝑃,210) are larger than the experimental results at 506 ℃. Two origins are 
speculated: (1) the load relaxation of NiAl-type precipitates occurs through possible 
mechanisms, e.g., the interface sliding and diffusion, and local dislocation movement 
[117]; and (2) NiAl-type precipitates yield and lose the capability to carry more load. 
Since the experimentally-determined lower bound of the anti-phase boundary energy of 
NiAl ranges from 500 to 750 mJ/m
2
 [54], it is really unlikely that the a/2<111> 
dislocations of the matrix could penetrate NiAl-type precipitates [71]. If the latter 
speculation holds, the strain-hardening exponent in <100>-orientated NiAl-type 
precipitates would be ~ 0.5 (assuming the strain and stress of <100>-orientated NiAl-type 
precipitates are linearly proportional to the macrostrain and 𝑃,100 , respectively). 
However, the strain-hardening exponent of ~ 0.5 is much higher than the value of ~ 0.1 




The shear-strain rate, ?̇?, of the thermally-assisted deformation can be described by an 
Arrhenius-type equation [143], 




where ?̇?0  is the pre-exponential factor, Δ𝐺  is the activation energy and usually is the 
function of the effective stress, 𝜏∗, k is the Boltzmann constant, and T is the temperature. 
𝜏∗ is defined by 𝜏∗ = 𝜏 − 𝜏𝜇, where 𝜏 is the applied stress, and 𝜏𝜇 is the athermal stress 
caused by long-range obstacles. The activation energy, Δ𝐺, includes two parts, 
 Δ𝐺 = Δ𝐺∗ − 𝜏∗𝜈∗ (5.15) 
where Δ𝐺∗ represents the activation energy for the zero applied stress, 𝜈∗ is the activation 
volume. The activation volume provides the important information regarding possible 
deformation mechanisms [143-146]. From Eq. (5.15), the activation volume can be 
expressed as  
 𝑣∗ = −
𝑑(Δ𝐺)
𝑑𝜏∗
  (5.16) 
Then, based on Eq. (5.14), it is found that  
 𝑣∗ = 𝑘𝑇 (
𝜕𝑙𝑛?̇?
𝜕𝜏
)  𝑜𝑟 𝑣∗ = √3𝑘𝑇 (
𝜕𝑙𝑛?̇?
𝜕𝜎
) in the tensile test  (5.17) 
where ̇ is the normal strain rate, and 𝜎 is the normal stress. During the stress relaxation, 
the relationship of 𝜕𝑙𝑛 ̇ = 𝜕𝑙𝑛?̇? holds [142]. Therefore, the activation volume can be 
expressed as  




The activation volume can be estimated from the slope of 𝑙𝑛?̇? vs. 𝜎 (Figure 5.9) through 
Eq. (5.18). At 364 ℃, the linear relationship between 𝑙𝑛?̇? and 𝜎 is well satisfied [Figure 
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5.9(a)], and the activation volume is estimated to be ~ 183 b
3
, where b is the length of the 
Burgers vector. From the Rietveld refinement, b is determined to be 2.508 and 2.514 Å at 
364 and 506 ℃, respectively. However, two linear sections are observed in the 𝑙𝑛?̇? vs. 𝜎 
plot at 506 ℃ [Figure 5.9(b)], and the activation volumes are estimated to be ~ 298 b3 
from 467 to 455 MPa and ~ 109 b
3
 from 455 to 433 MPa, suggesting two distinct 
deformation mechanisms. For other stress decays, the 𝑙𝑛?̇? vs. 𝜎 plots show the similar 
trend. However, the activation volumes at both temperatures decrease, as the strain 
increases (Figure 5.10). Based on the activation volume, the dislocation cross-slip might 
control the deformation of the matrix at 364 ℃ and in the stress range from 467 to 455 
MPa at 506 ℃  [144, 147]. The plastic deformation caused by such dislocation 
movements offsets some elastic strains of the matrix during the neutron-counting period. 
Therefore, part of strain hardening in the matrix quickly disappears, which results in 
essentially constant  𝑀 after yielding at both temperatures, as shown in Figures 5.5 and 
5.6. In the stress decay from 455 to 433 MPa at 506 ℃, dislocations around precipitates 
possibly rearrange themselves with the activation volume of 109 b
3
 in order to reduce the 
plastic misfit between the matrix and NiAl-type precipitates. The thermally-activated 
dislocation rearrangement at 506 ℃ probably leads to the load relaxation, as observed in 
Figure 5.6.  
The load-carrying capability of NiAl-type precipitates in FBB8 is probably limited during 
creep deformation under the expected service conditions in fossil-energy power plants. 
First, since the strain hardening of the matrix is weak at high temperatures (≥ 650 ℃), the 
load-transfer efficiency is low, as discussed previously [Figure 5.8(a)]. Next, the load-
relaxation processes probably dominate the creep deformation. Huang et al. [38] 
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performed the in-situ creep study on FBB8 at 700 ℃ under ND. They found that the axial 
lattice strains of both phases approximately keep constant in the range from 0.05% to 
0.06%, and the magnitude of the axial lattice strain of the matrix is ~ 0.01% higher than 
that of NiAl-type precipitates during the creep deformation at 107 MPa. It means that the 
load does not continuously transfer to precipitates in their study. In this sense, the 
presence of reinforcements could not be helpful, and even detrimental to the creep 
resistance, considering that reinforcements cannot carry the larger share of load under 
certain conditions [124].   
5.5 Conclusions 
The load-partitioning characteristics in engineering materials containing reinforced 
phases are critical to their mechanical properties and essential to understand underlying 
deformation mechanisms. By exploring the load transfer and relaxation between the α-
iron matrix and NiAl-type precipitates, it furthers our understanding of the load-
partitioning behavior on multiple scales and the influence factors, such as the elastic and 
plastic anisotropy, work hardening of the matrix, and temperatures. In turn, it provides 
insights into developing advanced alloys and composites with multiple phases.  
In summary, the load transfer and relaxation between the α-iron matrix and NiAl-type 
precipitates in FBB8 during the uniaxial tensile tests at 364 and 506 ℃ were investigated 
by the integrated experimental and theoretical approach (i.e., in-situ ND, TEM, and 
crystal-plasticity FE modeling). It profiles the load-partitioning characteristics on 
multiple scales:  
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1. Microscopically, the load transfer to NiAl-type precipitates originates from the 
plastic misfit between the matrix and NiAl-type precipitates, which is 
accommodated by dislocation loops around NiAl-type precipitates. At high 
temperatures (506 ℃  in this case), the thermally-activated local dislocation 
rearrangement probably occurs, which results in the observed load relaxation, as 
shown in Figure 5.6; 
2. On the grain-level mesoscale, the lattice-strain evolution or equally the load 
transfer is anisotropic for different grain families (<100>-, <111>-, and <210>-
orientated grain families in this case), due to the elastic and plastic anisotropy; 
3. Macroscopically, the load transfer is not as effective as that predicted by the 
Eshelby model, and is related to the strain-hardening capability of the matrix. It 
indicates that the local dislocation arrangement around NiAl-type precipitates is 
not as ideal as that assumed in the Eshelby model; 
4. The study advances our basic understanding of the load-partitioning 
characteristics on multiple scales, in particularly at high temperatures, which 










Table 5.1 Parameters used in the crystal-plasticity FE model. Note that parameters (i.e., 
?̇?, n, h0, 𝜏𝑠, 𝜏0, and q) are meaningful for the matrix. See the text for the definition of 












364 ℃ 183.2 115.5 97.2 0.0001 10 500 350 145 1 





















Figure 5.1 The step loading during in-situ neutron experiments at (a) 364 ℃ and (b) 506 
℃. Steps S1 – S7 in (a) and (b) are stress-controlled; while steps S8 – S14 in (a) and S8 – 

































Figure 5.2 (a) The crystal-plasticity FE model. Grains are labeled by different colors. 
(b)The Mises-stress distribution (the strain of ~ 1.85% at 364 ℃) in the cross section of 














































Figure 5.3 The stress vs. strain curves at (a) 364 and (b) 506 ℃, together with the first 
stress decay curves against time. The average stresses in strain-controlled steps are 

















Figure 5.3 continued 
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Figure 5.4 Selected ND patterns from lattice planes normal to the loading directions 













Figure 5.5 The evolutions of axial 𝑃,100 , 𝑃,111 , 𝑃,210 , and 𝑀  as a function of (a) 
macrostrain and (b) applied stress at 364 ℃. The experimental data are denoted as points, 









Figure 5.6 The evolutions of axial 𝑃,100 , 𝑃,111 , 𝑃,210 , and 𝑀  as a function of (a) 
macrostrain and (b) applied stress at 506 ℃. The experimental data are denoted as points, 
while the FE-modelled results are presented as dashed lines. 
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Figure 5.7 (a) The micrographs of deformed specimens (the plastic strain of ~ 3.5% at 
350 ℃) (β: NiAl-type precipitates). (b-d) The schematic illustration of the dislocation 
structures around precipitates due to the plastic misfit (b: the original configuration; c: a 










Figure 5.7 continued 
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Figure 5.7 continued 
      
 
 




























Figure 5.8 (a) The mean stress in the loading direction, 〈𝜎〉𝑃,3, on NiAl-type precipitates 
as a function of the overall plastic strain, 3
𝑃
, in comparison with the prediction through 
the Eshelby model. (b) The evolution of 𝑃,ℎ𝑘𝑙  due to the plastic deformation as a 




















































Figure 5.10 The activation volumes at different strains for tests at (a) 364 and (b) 506 ℃. 




EXTENDED TERTIARY CREEP STAGE IN NIAL-
STRENGTHENED FERRITIC ALLOYS AND ITS RELATIONSHIP 
WITH STRAIN SOFTENING 
6.1 Introduction 
Creep is defined as the time-dependent plastic deformation under a fixed stress lower 
than the yield stress in solids at high temperatures, usually above 0.5 of the homologous 
temperature (T/Tm, where T is the temperature, and Tm is the melting temperature) [31]. 
The typical creep strain vs. time curve in simple metals and alloys consists of three 
distinct stages: the primary, secondary or steady-state, and tertiary stages. In the primary 
stage, the creep strain rate decreases as the test proceeds until the steady-state creep rate 
reaches. Dislocations gradually accumulate in the primary stage, and thus, the 
deformation becomes difficult due to the work hardening. The steady-state stage has an 
essentially constant strain rate, which results from the balance between the work 
hardening and dynamic recovery process. The steady-state stage usually dominates the 
whole deformation. The microstructures in the steady-state stage are considered to be 
constant. In the tertiary stage, creep damages (e.g., cavitation along grain boundaries or 
inclusions and environmentally-induced damage [148]) form, and the strain rate increases 
rapidly. Typically, the tertiary stage only lasts a short period.   
However, an extended tertiary creep stage without an obvious steady-state stage has been 
observed in materials, such as 9-12%Cr heat-resistant ferritic steels [18, 74], nickel-based 
superalloys [149-151], and Al/SiC composites [118, 152]. As mentioned in Chapter I, 9-
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12%Cr ferritic steels possess tempered martensitic lath substructure (the lath width ~ 350 
– 500 nm [16]), where high-density dislocations, nano-sized particles (carbides and 
nitrides) are presented. Abe et al. [18, 19] claimed that the accelerated creep rate results 
from the strength reduction due to the microstructural instability at test temperatures (see 
Section 3.3.1 in Chapter III). Burt et al. [149] and Stevens and Flewitt [150] reported an 
extended tertiary creep stage in nickel-based superalloys, Nimonic 105 and IN-738, 
respectively. They associated it to the decrease of the friction stress due to the coarsening 
of strengthening Ni3(Al, Ti) or 𝛾′  precipitates in nickel-based superalloys. However, 
Dyson and McLean [153] qualitatively examined the creep curves. They argued that the 
observed extended tertiary creep stage cannot be accounted by the instability of 𝛾′ 
precipitates, and is probably more related to the strain softening. The objective of this 
chapter is to investigate the extended tertiary creep stage in NiAl-strengthened ferritic 
alloys and reveal the underlying reasons. It will further our understanding of the 
deformation mechanisms in particle-strengthened alloys, and provide insights into 
developing advanced materials for high-temperature applications.  
6.2 Experiments 
Please refer to Section 3.2.1 and 3.2.3 in Chapter III for details of materials preparation 
and characterization using SEM and TEM. All tensile creep rupture tests were performed 
at 700 ℃ by Westmoreland Mechanical Testing and Research, Inc., following ASTM 
E139-11. Screwed round specimens (~ 4.1 mm in diameter and ~ 16.3 mm in gauge 
length) were used. Constant load was used throughout tests. The displacement was 
monitored by the linear variable differential transformer (LVDT).  
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6.3 Results and Discussions 
Table 6.1 summarizes the results of creep-rupture tests of FBB8 at 700 ℃ and in the 
stress levels from 80 to 140 MPa. The rupture time ranges from 19.4 h (140 MPa) to 
2256.1 h (80 MPa). All specimens show a large area reduction (~ 90%). Overall, the 
rupture strain becomes larger at high stress levels. The creep strain and strain rate vs. 
time curves are shown in Figure 6.1. Take the test at 700 ℃/100 MPa [Figure 6.1(a)] as 
an example. The rupture time is ~ 316 h and rupture strain is ~ 18.9%. The creep strain 
rate continue to decrease in the primary stage due to the work hardening until ~ 40 h, 
where it reaches the minimum (~ 2.6 × 10-9 s-1). Then, it immediately increases as the test 
proceeds without a steady state. As shown in Figure 6.1(a), the strain-rate increasing rate 
gradually goes up. Beyond ~ 275 h, the strain-rate acceleration is likely to be due to creep 
damages. The tertiary stage occupies ~ 87% of the whole creep life time. All tests 
demonstrate an extended tertiary stage. Similar phenomenon in NiAl-strengthened ferritic 
alloys was mentioned in Refs. [38, 70]. As shown in Figure 6.2, the creep-rupture 
strength of FBB8 at 700 ℃ is superior to advanced heat-resistant ferritic steels, P122 and 
P92 [13]. 
As shown in Table 6.1, the minimum creep rate increases from 7.0 × 10-10 s-1 at 80 MPa 
to 1.6 × 10-7 s-1 at 140 MPa. As mentioned in Chapter II, the minimum creep rate, ?̇?, of 
alloys containing stiff reinforcements can be related to the external applied stress by the 
power law [Eq. (2.8)]. When the dislocation climb dominates the creep deformation, n in 
Eq. (2.8) is ~ 4. σ0, usually a fraction of Orowan stress, originates from the 
dislocation/reinforcement interaction. Different models have been proposed to account 
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the threshold stress, and there are two main categories: (1) the stress required due to the 
elongation of the dislocation line during local or general climb [36, 154]; (2) the 
attractive or repulsive interaction at the interface between dislocations and reinforcements 
[35, 155, 156]. The threshold stress determined to be ~ 67.5 MPa by linearly fitting ?̇?
1/4 
vs. 𝜎 (Figure 6.3) based on Eq. (2.8). This value is comparable with that reported by 
Huang et al. [38] (46.1 MPa) and Vo et al. [71] (69 MPa).  
Figure 6.4(a) shows a typical fractography of the crept specimen (700 ℃ and 100 MPa). 
A large number of dimples are observed on the fracture surface, suggesting that the 
failure is caused by the microvoid coalescence. The formation of dimples is probably 
related to NiAl-type precipitates and the Zr-rich minor phase. The dislocation structure of 
the crept specimen is shown in Figure 6.4(b). The segment AA′- BB′- CC′- DD′ bows 
around NiAl-type precipitates, indicating a dominant general dislocation climb 
mechanism, which agrees with that reported by Vo et al [71]. No dislocation network is 
observed except around Zr-rich phase (dark area, labeled as E). The deflection of 
dislocation lines (labeled as F) may also results from the pinning effect of the Zr-rich 
phase.  
Three possible reasons are speculated for the observed extended tertiary creep stage in 
NiAl-strengthened ferritic alloys: (1) instability of NiAl-type precipitates [148]; (2) loss 
of external or internal section [148]; (3) strain softening or instability of the dislocation 
structure [153, 157].  
The first speculation is excluded based on the analytical model suggested by Dyson and 
McLean [153]. There are three assumptions in Dyson and McLean’s model:  
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(1) The instantaneous creep rate, ̇, in the extended tertiary stage is described by Eq. (2.8) 
with n = 4; 
(2) The threshold stress can be expressed by 
  𝜎0 = 𝛽 + 𝐵?̅?
−𝑝  (6.1) 
where β, B, and p are positive constants, and ?̅?  is the average radius of NiAl-type 
precipitates;  
(3) The coarsening kinetics of NiAl-type precipitates is independent on either the stress 
or accumulated strain, and can be described by  
 ?̅?3 = ?̅?0
3 + 𝐶𝑡 (6.2) 
where ?̅?0 is the initial precipitate radius, C is the rate constant, and t is the aging/creep 
time.   
We examine the assumption by analyzing the rate at which the creep rate deviates from 
the minimum value. At the beginning (𝐶𝑡 ≪ ?̅?0
3), we have 
 ( ̇/ 0̇)
1/4 = 1 +
𝐾
𝜎−𝐷






, 𝐷 = 𝛽 + 𝐵𝑟0
−𝑝
, and t0 is the time when the strain rate reaches 
the minimum value. According to Eq. (6.3), ( ̇/ 0̇)
1/4 should be linear as a function of (t 
– t0), and the slope is expected to be larger at low applied stresses. In Figure 6.5, ( ̇/
0̇)
1/4 is plotted against (t – t0) for tests at 100, 110, 120, and 140 MPa. It is assumed that 
?̅?0 is similar for all cases. At the beginning, the relationship between ( ̇/ 0̇)
1/4 and (t – t0) 
may be linear, but the slope becomes steeper as the applied stress increases, which is 
contrary to the prediction by the model [Eq. (6.3)]. Therefore, we conclude that the 
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coarsening of NiAl-type precipitates is not responsible for the observed extended tertiary 
stage in NiAl-strengthened ferritic alloys.  
The compression creep test of FBB8 at 700 ℃ and 120 MPa does not show the steady-
state regime either [Figure 6.6(a)]. It indicates the secondary assumption is not valid 
since the cross section in the compression creep increases as the test proceeds. To verify 
the third assumption, we investigated the effect of prestrain ( 0) on the creep behavior of 
FBB8 specimens [Figure 6.6(b)]. Three prestrains (i.e., 0, 0.01, and 0.03) were used. As 
shown in Figure 6.6(b), first of all, the strain in the primary creep stage of the pre-
strained specimens is largely reduced from ~ 2.4% for the test with 0 = 0 to ~ 0.5% for 
tests with 0  = 0.01 or 0.03, since the work-hardening capability of pre-strained 
specimens decreases. Next, it is noticed that a specimen with larger 0 has higher creep 
rate beyond the primary creep stage. The minimum creep rates in the initial 50 h are ~ 5.5 
× 10-8, 1.7 × 10-7 and 2.3 × 10-7 s-1 for tests with 0 = 0, 0.01, and 0.03, respectively. The 
strain rate decreases after ~ 75 h for tests with 0 = 0.01 and 0.03 because the effective 
stress decreases with the increasing cross-section area. Based on the above facts, it is 
concluded that the observed extended tertiary creep stage in NiAl-strengthened ferritic 
alloys attributes to the strain softening.  
The next question is what the micromechanisms behind the strain softening are. Marquis 
and Dunand [35] claimed that the lattice parameter mismatch between the matrix and 
coherent particles play important role in determining the threshold stress, 𝜎0 , and 
consequently the creep resistance [Eq. (2.8)] of precipitation-strengthened alloys. We 
replaced coherent B2 NiAl-type precipitates with semi-coherent L21 Ni2TiAl-type ones 
by adding 4 wt.% Ti into FBB8 (Fe-4Ti-6.5Al-10Ni-10Cr-3.4Mo-0.025Zr-0.005B, 
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wt.%). Faceted Ni2TiAl-type precipitates are observed (f ~ 22% ± 2%), as shown in the 
inset of Figure 6.7(a). The lattice parameter mismatch is ~ 1.4%, and interfacial 
dislocations arrays are present [Figure 6.7(a)]. The 4% Ti alloy is more creep-resistant 
than FBB8. All creep tests show a dominant steady-state stage, which again excludes the 
first and second hypotheses. As an example, Figure 6.7(a) shows the creep strain and 
strain rate curves of the 4% Ti alloy against time at 700 ℃ and 150 MPa. As shown in 
Figure 6.7(a), the minimum strain rate or steady-state creep rate is ~ 7.0 × 10-9 s-1 (lower 
than that of FBB8 at 700 ℃ and 120 MPa), and the steady-state stage occupies ~ 80% of 
the entire creep life (only ~ 9% for the tertiary stage).  
The creep rate can be expressed by the Orowan Equation 
 ̇ = 𝜌𝑚𝑏?̇?  (6.4) 
where 𝜌𝑚 is the density of mobile dislocation, b is the length of the Burgers vector, and ?̇? 
is the dislocation drift velocity. In alloys containing misfitting precipitates (e.g., Ni2TiAl-
type), the dislocation climbing is retarded by the pinning effect of misfitting precipitates. 
?̇? is the strain-rate controlling factor. It is likely to have stable dislocation structure [158], 
which leads to the long steady-state stage [Figure 6.7(b)]. However, dislocations can 
climb up precipitates quickly due to small matrix/precipitate interaction in alloys 
containing non-misfitting precipitates (e.g., NiAl-type). As discussed in Chapter V, it has 
demonstrated that there are strong thermally-activated movements (e.g., local diffusion 
and dislocation climbing) around NiAl-type precipitates. In this case, the dislocation 
substructure becomes instable and the mobile dislocation density probably controls the 
strain rate [Figure 6.7(c)]. It well known that the mobile dislocation density is 
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proportional to the strain. This is probably why we observed the extended tertiary creep 
stage in NiAl-strengthened ferritic alloys.  
6.4 Conclusions 
In summary, the NiAl-strengthened ferritic alloy, FBB8, show an extended tertiary creep 
stage in the stress range from 80 to 140 MPa at 700 ℃, which largely shortens the creep 
rupture strength of FBB8. The dislocation climb is the deformation mechanism; however, 
the overall creep rate is probably governed by the mobile dislocation density. The 
observed extended tertiary stage results from the instability of dislocation structure due to 
small dislocation/NiAl-type precipitates interaction, which is contrary with the 4% Ti 




















































) Percentage of 
the tertiary 
stage 
80 2256.1 9.0 90.5 7.0 × 10-10 0.70 
100 316.0 18.9 91.5 2.6 × 10-9 0.87 
110 186.8 24.8 89.2 4.7 × 10-9 0.76 
120 78.0 22.4 90.0 2.1  × 10-8 0.86 
140 19.4 26.0 86.1 1.6 × 10-7 0.81 
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Figure 6.1 Creep strain and strain rate as a function of creep time for specimens tested at 
700 ℃ and at the stress levels of (a) 100 MPa, (b) 80 MPa, (c) 110 MPa, (d) 120 MPa, 





















































































Figure 6.2 The creep rupture strength of FBB8 at 700 ℃ in comparison with that of P122 
















vs.  𝜎 for the creep tests of FBB8 specimens in the stress range from 80 to 
















Figure 6.4 (a) A typical fractography of the crept specimen at 700 ℃ and 100 MPa. (b) 
The dislocation structures of the crept specimen at 700 ℃ and 80 MPa. Note that the 













































Figure 6.5 ( ̇/ ?̇?)


















Figure 6.6 (a) The compression creep test at 700 ℃ and 120 MPa. (b) The effect of 







































Figure 6.7 (a) Creep strain and strain rate as a function of the creep time for 4% Ti alloy 
at 700 ℃  and 150 MPa. The inset shows the typical morphology of Ni2TiAl-type 
precipitates in 4% Ti alloy. (b) and (c) The illustrations of dislocation structure in alloys 
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